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Chapter 1

I ntroduction



In the quest for new and advanced materials having better physical,
chemical, mechanical, thermal, magnetic and other properties, it was
understood that the microstructure and the constitution of the materials have a
vital role to play. It was aso realized that the microstructure and the
congtitution can be better controlled by processing them under non-equilibrium
(or far from equilibrium) conditions [1]. Rapid quenching/solidification from
the melt (RSP) [2, 3], vapour deposition (VD) [1,4], plasma processing (PP)
[1, 5], ion implantation (II) [6], and since last 2-3 decades the process of
mechanical aloying (MA) [7-11] are some of the commonly used non
equilibrium processing techniques. The central underlying theme in al these
processes is to bring the materia in a highly non-equilibrium state by
energizing through some externa dynamic forcing, eg., through melting,
evaporation, irradiation, application of pressure, or storing of mechanical
energy by plastic deformation [12, 13, 14], and such materials are referred to as
‘driven materials' by Martin and Bellon [15]. Among these techniques the
departure from equilibrium is substantially high in case of MA as well as VD
and Il (of the order of 30 kJ/mole or more) [12, 16-18].

1.1 Nanocrystalline materials

Nanocrystalline materials (alloys, ceramics, intermetallics, pure metals,
polymers, composites etc.) are characterized by the small size of the randomly
oriented grains separated by high angle grain boundaries. Various novel
properties (thermal, chemical, magnetic, mechanical, optical, electrical etc.) of
nanocrystalline materials are largely influenced by the presence of large
amounts of grain boundaries (typically 10 / cc) or inter-crystalline or inter-
phase interfaces present in the structure [19]. The properties of these materials
are often controlled by the grain size distribution and the atomic structure of
the grain boundaries and their excess volume along with the cohesive energy.

The nanostructured phase is a nonequilibrium phase because of the presence of



these grain boundaries and therefore grain growth is inevitable to approach
equilibrium by reducing the boundary regions. The stability of nanostructured
materials against their grain growth under compaction and annealing to obtain
the desired size and shape is a field of immense interest to preserve the novel
properties showed by them for industrial production and applications [20-23, 6,
24-26]. The grain growth behavior was studied under hot isostatic pressing
(HIP) [27, 28] with apressure of 138 M Paand at temperature of 800°C in Cu-
15 at.% Nb, and electro discharge compaction (EDC) in Al3Nb aloy systems
and it was concluded that not much grain growth took place [29, 30]. It was
also found that grain growth could be controlled by mixing nano intermetallics
in appropriate composition, eg. by mixing Ni;Al and NiAl in nearly equa
proportions grain growth was slowed down up to 500°C [31]. Among the
various ways of preparing nanostructured materials (NsM) inert gas
condensation/ vacuum compaction [32], electro-deposition [33], sputtering
[34], mechanica milling (MM), and thermo-chemical routes [35] are some of
the important methods. They can be classified in two broad categories i) down-
top method, e.g. cluster assembly and ii) top-down method, eg. MM. In the
first process atom-by-atom is assembled to get the nano structure and in the
second process bulk materia is refined to produce the nanostructured materials
[36]. Nanocomposites prepared by MA [37, 38, 39] or when the amorphous
phases obtained by MA/MM are crystallized at relatively low temperatures
show in some cases improved srength and ductility. Another important attribute of these
nanocomposites is in preventing or minimizing grain growth till very high
temperatures. Reinforcement of Cu and Mg with Al,Os was reported to prevent
grain growth up to the melting point of the metals [40]. Formations of metallic
glass/ceramic composites [41, 42] by MA ae an example of dispersion
strengthened amorphous alloys with better strength and wear resistance. Alloys
in the nanocrystalline form have aso been shown to have much higher

hydrogen absorption properties at low temperature. Drastic changes occur in



the mechanical properties of materials due to reduction in grain size [43, 44]
and the behavior in many instances become similar to that of amorphous
materials [45]. Hardness also increases as grain size decreases. It was observed
for pure Fe that the hardness increased nearly seven fold (~ 9 GPa for n-Fe in
comparison to 13 GPafor p-Fe) and Y oung's modulus decreased by 10% [46].
In fact the hardness of pure nano Fe became comparable with that of the hard
intermetallics Nb;Sn [47]. Similar observation was reported for Nb also [48]. It
was argued that this increase was not due to plasticity of the crystal by
dislocation movement but due to cohesion of grain boundaries. This increase in

hardness is very promising for their future applications.

1.1.1 Mechanical alloying

Among the various processes of preparation of NsM, mechanical milling
(MM) and mechanical aloying (MA) in a high-energy ball mill are two of the
very common and widely used methods. In my work aso the alloy samples
were prepared by MA and therefore to start with | would like to give a brief
introduction of mechanical aloying: how structural refinement occurs and the
key attributes. Ordinary ball milling was routinely used in minerals, ceramic
processing, and powder metallurgy industries with an objective of particle size
reduction, mixing, blending, and particle shape change [49]. But since its
inception around 1966 by Benjamin [50-53] high energy ball milling is used to
produce: 1) oxygen dispersion strengthened (ODS) Fe and Ni based alloys used
for gas turbine and aerospace engineering. 2) Alloys with metal of quite
different melting points with the goa of improved strength and corrosion
resistance. 3) Alloys in a non-equilibrium state with extended solid solubility
than the equilibrium solubility, which in turn produces amorphous alloys in a
number of aloy systems by destabilizing the crystaline lattice by the

incorporation of large amount of defects. Mechanical alloying (attrition, also



commonly known as high energy ball milling) has proved to be a very versatile
tool to produce nano structured materials with a wide variety of chemical
composition and atomic structure [54, 7, 55, 6, 47, 46 and references therein].
The mechanism of microstructure formation is very different in MA but the
resultant microstructure formed is very similar to that obtained by other
synthesis routes to produce nanostructured materials. Numerous binary and
multinary alloys, intermetallics, ceramics, polymers, quasicrystals [table 9 of
6], nanostructured pure metals, composites, dispersion strengthened alloys and
amorphous materials are produced by this versatile method [56-85]. This is
recognized as a relatively inexpensive non-equilibrium solid-state powder
processing technique involving repeated welding, fracture, and rewelding of
powder particles to produce nano materials. The starting raw material for
MA/MM is commercially available pure elemental powder and pre-alloyed
materials and intermetallics (either in powder form or in some other compacted
form), generaly in micron size grains. The initial size of the material/particle
does not matter much as long as its size is small in comparison to the balls size
because with high energy impact of the balls the materia gets grinded within a
very short span of time and becomes powder. In genera this is adry and room
temperature (RT) process but occasionally wet milling, in which solid particles
are milled with liquid medium [86-90], milling at an elevated temperature [91]
or cryomilling (milling in LN, atmosphere or low temperature) [92, 93] are
also carried out depending on specific need and applications.

Different nomenclatures have been adopted depending on the nature of
the starting materials to be milled. Mechanical alloying (MA) is used where
blended elemental powder mixtures in the required composition or elemental
powders with intermetallics are milled until the final alloy phase with desired
composition is formed. Materia transfer takes place in this process for
homogeneous alloying. Mechanical milling (MM) is the term used when pre-

alloyed powders, pure metalic or single phase intermetallics are milled to



obtain structural refinement ultimately leading to fine grained or nano
structure. No materia transfer takes place in MM. Frequently Mechanical
Attrition is loosely used to mean either MA or MM. If only disordering of
ordered intermetallics or aloys is done, then the process is known as

mechanical disordering (MD). In al cases the resultant microstructure is either

r

nano-crystalline (i.e. having randomly orientated coherently diffracting
crystallites with long range trandational symmetry and average crystallites
sizes ranges from 5 to few tens of nanometer) or amorphous (i.e. having no
long range trandational symmetry but short range order in the range of less
than 2 nm) structure. It will be discussed in the next chapter in the context of
Fe-Mn-Si and Fe-Ge dloys that MM takes place much faster than MA. Thisis
in accordance to the earlier observation [94]. Some other terms are also used in
the literature on Mechanical Alloying depending on the process involved with
MA. These include mechanochemical synthesis by reaction (or reactive ball)
milling (RM), mechanically activated annealing (M2A), double mechanical
alloying (dMA), and mechanicaly activated self-propagating high-temperature
synthesis (MASHS) [95-103]. In RM chemical reaction is induced at either RT
or a much lower temperature than that required during the conventional
methods by mechanically activating the powder mixtures [104, 105]. M2A
refers to the process where low temperature isothermal annealing follows the
short duration MA to produce the materia (e.g. refractory materials such as
glicides). In dMA the powder mixture is initially milled for refinement of the
powder particles and to obtain an intimate mixture, which is subjected to high
temperature heat treatment to produce the macrocrystalline intermetallics-the
production of which would not have been possible directly by milling. The
intermetallics formed in this way is once again milled to reduce the grain size
and to produce the nano-sized grains. MASHS is the process where MA
precedes the SHS to reduce the operating high temperature by as much as
100 C - severa Fe and Nb- auminides, prepared by this method. It is clear



from the above discussion that the underlying common phenomenon in dl the
above cases is the initial excitation of the powder mixture by mechanica
deformation.

Commonly used milling equipments include shaker mills, planetary
mills, vibratory mills, attritor mills, trumbler mills, and commercia mills [106,
107]. Among these different types of milling apparatus, shaker mills, such as
SPEX 8000 mixer mill from Certiprep, NY, USA is the most high energetic
and the alloying and /or grinding process takes place much faster than the other
milling apparatus [6, 46, 47]. The amount of powder that could be milled
differs largely in different mills and it ranges from few grams in a SPEX mill
to few thousand of grains in attritor and commercial mills. A variety of via and
grinding medium materials is available for the SPEX and other mills and these
include hardened steel, aumina, tungsten carbide, zirconia, stainless sted,
glicon nitride, agate, plastic, sintered corundum and methacrylate. As the
energy of milling depends on the balls kinetic energy hence dense materials
such as hardened steel, stainless sted (SS), tungsten carbide (WC) are most
commonly used for the balls and via in the milling process.

The fina phase, micro-structural constitution (e.g. minimum grain size),
and alloying of the material depends on factors such as intensity of milling (i.e.
milling equipment), time of milling, ball to powder weight ratio (BPR),
temperature of milling, type, size, size distribution and speed of the grinding
balls, extent of filling the vial, mechanical properties (ductility, brittleness etc)
of the constituents elements and the material of the vial and the balls [6, 72]. It
was found that the minimum grain size attained was inversely proportional to
BPR. The rate at which nano structure evolution takes place depends on the
temperature of milling. It was found in case of Fe-Cu system that the minimum
grain size attained was depending on concentration of Fe in the Cu matrix and
viceversa[108, 109].



a. Mechanism of structure refinement in MM

In high energy milling the powder particles are repeatedly flattened, cold
welded, fractured and rewelded during collisions between the balls and the
balls and the milling container. Several attempts have been made to model the
mechanical milling/alloying process [110-114]. As shown in figure 2.1b when
some amount of powder particles are impacted between the balls or between
the balls and the container walls during their collisions while moving with high
velocity, the particles get plastically deformed leading to work hardening and
fracture. Typically 1000 particles with an aggregate weight of 0.2 mg get
impacted during the collisions with collisions time of 1-2 usec. This fracture
opens up new surfaces of the particles, which helps in cold welding of the
particles among each other. Particle size increases because of this cold welding
and some time it can go as high as 3 times than the starting size. Mechanical
attrition is characterized by cyclic shear deformation of powder particles with
high strain rate (~10-10%sec) within the particles resulting in the reduction of
grain size. TEM observations, by Hellstern [115] showed that at the early
stages of MM, shear bands (heavily deformed regions) were formed due to the
production of inhomogeneous deformation at a high rate during MM. These
shear bands, which contain a high dislocation density, have a typical width of
approximately 0.5-1.0 um and are separated by lateral regions of low defect
density. With continued milling, the average atomic level strain increases due
to the increasing dislocation density, and at a certain dislocation density within
these heavily strained region, the crystal disintegrates into subgrains that are
separated by low-angle grain boundaries. HREM images of the shear bands
revealed the presence of grains of approximately 20 nm size separated by low
angles (~20°). This results in a decrease of the lattice strain. On further
processing, deformation occurs in shear bands located in previously unstrained

parts of the material. The grain Sze decreases steadily and the shear bands



coalesce. The small angle boundaries are replaced by higher angle grain
boundaries, implying grain rotation due to grain boundary sliding because of
the enhanced diffusivity of the atoms through grain boundaries even at low
temperatures [116]. This was reflected by the absence of texture in the electron
diffraction patterns and random orientation of the grains observed from the
lattice fringes in the high-resolution electron micrographs. Consequently,
dislocation-free nanocrystalline grains are formed. Li et a. [117] have aso
proposed amodel for the refinement of grain size during ball milling and noted

that the grain size in the early stages of milling follows the relation:

d= Kt -2/3
where d isthe grain size, t isthetime and K is a constant.

The minimum grain size achievable by milling is determined by the
competition between the plastic deformation via dislocation motion and the
recovery and recrystallization behavior of the material [118, 119] This balance
gives a lower bound for the grain size of pure metals and alloys. It is aso
governed by the Hall-Petch relation (dislocation pile-up model) [120-122], i.e.
o= o0y *+ K(dmi,,)"/’, where ¢’s are the yield stresses and d,,;, is the minimum
average grain size. The minimum grain size obtained therefore depends on the

maximum stress that could be generated by mechanical deformation.

. The dn;, obtained by MM was found to vary inversely with the
melting point of Al, Ag, Cu, and Ni (al having an fcc structure) [118], and
directly with the stacking fault energy. However, when data from the bec and
hcp metals as well as severa intermetallics are included, only fcc metals (with
a relatively low melting point) showed this clear inverse dependence of
minimum grain size on the melting point [47, 124]. The minimum grain size
was virtually independent of the melting point for the hep, bee, and other fcc

metals with high melting points [71, 125]. For these elements it appears that



dmin isin the order: fcc < bee < hep. The range of dy,i, obtained was 10-20 nm

for pure metallic and some of the intermetallics with CsCl structure [47].

b. Mechanism of alloying

The phenomenon of MA between two or more elemental components is
one step forward to MM. In this case the composite particles result at the early
stages of milling due to cold welding have a characteristic layered structure
consisting of various combinations of the starting constituents. Due to the
steady refinement of the structure of the composite particles by mechanical
deformation the inter layer or lamelar spacing decreases and the nanometer
sized crystallites (grains) results. The number of grains or layers in a particle
increases. Large amount of defects in the form of dislocations, vacancies, grain
boundaries, stacking faults etc. are produced by mechanical deformation which
in turn along with a decrease in the diffusion length increase the atomic
diffusion of the species largely. In most of the cases the temperature rise during
milling is dightly above the operating temperature (e.g. RT) but in some cases
temperature rise was observed but maximum within 200 C, most commonly
between 100-120° C [6]. The nominal temperature rise during milling also
helps in atomic diffuson. Hence true aloying takes place between the
constituent atoms through mechanicaly enhanced interdiffuson and a
homogeneous alloy results. Occasionally it is required to anneal the milled
sample to obtain the homogeneous alloy. This is specially required in case of
some intermetallics [6].

Generally aloying is conducted with three different combinations of
elements: 1) ductile-ductile, 2) ductile-brittle, 3) brittle-brittle.

Ductile-ductile System: According to Benjamin [50, 126] thisis the best
combination for mechanical aloying. He suggested that to achieve better
alloying at least 15% of the alloying ingredients should be ductile to enhance
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the cold welding process. Our Fe-Al, FeCo-W, FeCo-Mo, Fe-Cr, and Fe-Mo
systems belong to this category. The aloying and particle structure refinement
process is as described above. This is the best combination also from the point
of view of contamination from milling, as will be discussed later.

Ductile-Brittle System: In this combination, eg. our Fe-Ge, FeCo-Ge,
FeMn-Ge, and FeMn-Si, the ductile component get work hardened and
fractured while the brittle component gets fragmented by the impact of the
balls during collisions. These fragments get occluded and closely spaced along
the interlamellar spacing in the composite lamellar structure of the ductile
particles after cold welding. These brittle particles get finely dispersed or
alloyed depending on their solubility in the ductile matrix [52, 63, 127-129].

Brittle-Brittle System: MA is difficult in this combination and this is not
of interest in our work. However some reports regarding alloying in this
combination exists [82, 113, 130-132]. Structura refinement even in brittle
ceramics (e.g. ZrO,, NbsSn) similar to that obtained if a large hydrostatic
pressure component (e.g. hydrostatic extrusion) is present is aso observed by
MM [133-135]. In this process both the components get fragmented
/comminuted at the early stages of milling until the 'limit of comminution' is
reached and they start behaving like ductile components At this stage between
the two components harder component gets embedded into the softer
component, like in the Ge-S system Si got embedded in the Ge matrix [130].

The important fact about MA/MM s that the efficiency of particle size
reduction in milling is too low and a maximum of only 1 % particle size
reduction could be attained even in high energy ball milling. This is because
with continued deformation upon milling the composite particles once again
get work hardened and fractured by a fatigue failure mechanism and/or by the
fragmentation of fragile flakes. This process of cold welding and fracture
repeats over many cycles sill a steady stage is reached when rate of cold
welding and fracture become equa with the steady state particle size of few



microns. At this stage each particle contains substantidly al of the starting
ingredients, in the proportion they were mixed together and the particles reach
saturation hardness due to the accumulation of strain energy. Therefore the
resultant particle size remains in the micron range but the grains within the
particles reach nano-size with a narrow size distribution, verified by TEM
measurements [46, 136].

The nanostructure formation through the process of cyclic shear
deformation with high strain rate in MA/MM is very similar to that observed in
other solid state techniques like cold rolling, wire drawing of materials, friction
induced wearing of surfaces, production of chips during machining, filing of
materials [137-144]. Plastic deformation was not only observed in metals and
aloys [145] but also in ceramics and diamond surfaces [146, 147]. The
micro structure formed in Fe-Cu system through MA was very similar to that
obtained by cold rolling [148].

c. Extension of solid solubility

The extension of equilibrium solid solubility is achieved by MA similar
to that obtained in case of Rapid Solidification Process (RSP) [149], in vapour
deposition [1], or by gas condensation method [150]. In addition to stable
(equilibrium) solid solution MA aso produces metastable (non-equilibrium)
supersaturated solid solution or amorphous phase of blended elementa
powders-forming binary or higher order aloy systems, intermetallics [151-155,
table 10 of 6]. In his review article Suryanarayana [table 7 of 6] has given an
extensive list of solid solutions (both equilibrium and non-equilibrium) of
different solute and solvent elemental combinations. In many cases this
extended solid solubility results in amorphous phase by destabilizing the
crystal against amorphization [46]. It was understood that soft milling

conditions (such as high BPR, low temperature, moderate milling intensity,



less time of milling etc.) are preferable to produce metastable phases [156-
159]. In some cases high temperature and high pressure (HP) phases are
retained by MA a RT and atmospheric pressure-which is also an example of
metastable phase formation [6]. It was estimated from the formation of the HP
phase that the pressure generated during milling is of the order of 6 GPa [160,
113].

The formation of nano-phase in mostly all case of MA wherein diffusion
of atoms increases through large amount of grain boundaries [161-163],
production of defects and local stresses [164, 165], high enthalpy stored in the
grain boundaries due to heavy deformations [SY 71, 166-167], capillary
pressure developed at the tip of the demental fragments formed upon
deformation [168-170], loca melting of the alloying elements [171], Hume-
Rothery (H-R) rule for equilibrium solid solutions formations (i.e. the
difference between the metallic radii of the solute and solvent atoms should not
be more than 15%, they should have the same crystal structure, same valency,
and very close electro negativity values to achieve complete or in some cases
very good solid solubility) [172-174], modified Darken-Gurry plot [175] of
electro negativity vs. metallic radius are various explanations of solid solubility
extenson by MA. It was observed by Bansal et al. [173] that in case of
elemental Fe milled with 25 a. % Al, As Ge, In, Sb, S, Sn, and Zn, an
extended solubility of as large as 25 at.% could be attained if the elements
metallic radii satisfy H-R criterion but otherwise also a notable solubility of 5
at.% was observed even with metallic radii differing by 30 a. % by MA. In
some cases amorphous phase formation occurs under metallic radii differing by
more than 15 % [176]. Smilarly extended solubility was observed with
component elements differing in electro negativity by as high as 0.3 units. In
some systems like Cu-Ag, H-R criterion predicts 100% solubility and which

was obtained by MA under non equilibrium conditions whereas under



equilibrium processing conditions only few, 7-8 at. % of Ag was soluble in Cu
[Figure 19 of 6].

The vitd example of MA as a non-equilibrium processing

technique is its ability to produce aloying in otherwise immiscible systems,
which have positive heat of mixing, and in this regard MA has a edge over
RSP, in which alloying requires large negative heat of mixing in most cases.
The aloying with extended solubility in otherwise immiscible systems through
deformation was predicted by Monte Carlo simulations resulting in high
temperature and high entropy state [177, 178]. In the Fe-Ag system intimate
fine dispersion of particles in the nano-dimension took place [62].
' Various Cu-based alloys were
produced by MA [181, 182, 168, 166] and among them most important was Fe-
Cu system [183, 184]. Salid solutions of up to 45 at. % Cr in Fe and that of Mo
up to 5 a. % in Fe were obtained through MA by us and will be discussed in
chapter 4 and 5. These systems show phase decomposition behavior under
normal equilibrium conditions. The enhanced solid solubility is attributed to
the competition between the excess pressure (due to smal size) and the
negative surface energy contributions to the total Gibbs' free energy of the
nano-system.

The synthesis of intermetalics in the quasicrystalline, metastable-
crystalline or in equilibrium disordered or ordered crystalline phases is one of
the important attributes of MA [6]. Disordering of ordered intermetallics by
means of anti-site disorder, triple defects, and redistribution of interstitials to
obtain better strength by MM is one of the important aspect of it [6]. The
milling energy supplied can be stored as energy due to disorder and grain

boundary energy, i.e.
A(3mill'mg = AGdisnrder + AGGB
Amorphization also occurs due to incorporation of various kinds of

defects by milling and depending on whether the intermetallics is permanently
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ordered or reversibly ordered. If the aloy is reversibly ordered than solid
solution formation is preferred but if it is permanently ordered than amorphous
phase formation is preferred. In some cases no transformation occurs instead
the system transform from low temperature phase to high temperature phase
[6].

MA of the demental powder mixtures also forms amorphous
alloys by the incorporation of large amount of defects. In some cases
amorphous phase are directly formed and in some other cases disordered or
ordered intermediate crystalline phases are formed before amorphization [75,
table 17 of 6]. Milling temperature plays a criticad role in the process of
amorphization by MA/MM against recrystallization. It was observed that
milling at a lower temperature favored the amorphous phase formation whereas
a an elevated temperature recrystallization was taking place. It was aso
observed that prolonged milling was required at higher temperature than at
lower temperature to achieve amorphization [6]. Bulk metallic glass formation
was also observed [185, 186].

The energy stored in the Nano structured materials (NsM) produced by
MA/MM is order of magnitude more than the materials produced by ordinary
deformation mechanism. Typicaly the enthalpy released in the differentia
scanning calorimetry (DSC) measurements of the pure metals or single phase
intermetallics is of the order of 7-10 kJ/mole in contrary to enthalpy released
by ordinarily deformed same materials of the order of 1-2 kJ/mole [187]. The
enthalpy released by these nano materials is a substantial fraction of the heat of
fusion (Hg) and it is as high as 40 % of H for elemental Ru. This enthalpy is
much larger than that obtained for ordinary deformation process governed by
steady state dislocations (both screw and edge) density and dislocation
movements. Hence it is argued that the source of this excess energy arising due
to mechanical deformation is mostly the grain boundaries. Therefore the

deformation process takes place in two steps; initialy it takes place through



production of dislocations and in a later stage through grain boundaries. It was
observed in favour of this argument that the grain boundary shear modulus
decreases by nearly 40 % when grain boundary volume is comparable to the
crystalline fraction [46].

The release of this excess energy by thermaly activated grain growth
gives rise to the broad peak in the DSC curve over the entire temperature range
up to around 800 C. Severe plastic deformation during MA as well as grain
boundary stress due to pinning of GB's give rise to atomic level lattice strain of
the order of 0.3-1.0% [47, 173]. This strain decreases rapidly below 200°C
giving rise to the low temperature low intensity peak in DSC. The specific heat
(C,) dso increases at small sizes of the grains and a linear relationship was
found for pure metals between AC, and stored enthalpy AH (expressed as a
fraction of Hr as AH / AHf), which is also expected considering excess free
volume model for grain boundaries [188].

Often the vexing problem in MA/MM is the contamination from
the milling medium, milling atmosphere and occasionally from other sources
like process control agent or LN, in case of cryomilling. The contamination
also depends on the milling apparatus and hence milling intensity, milling time
and to some extent temperature of milling [189-192]. The source of
contamination is the wear and tear of the grinding medium and the container
and at the same time availability of fresh surfaces of the particles by fracture
with the small (nano) size developed due to milling and therefore the large
surface area. The extent of contamination ranges from few to severa atomic
percents. However the amount of contamination can greatly be reduced and
restricted to within 12 at. % by sealing the via under high purity inert
atmosphere and by using ultra high purity elemental powder. Another way of
reducing the contamination is rod milling [193], where instead of balls grinding
medium is of rod shape, which introduces shearing stress and hence the

scratching of materials form the grinding mediums is less. In this way the
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contamination during milling in some cases is less than that results in other
methods such as chemical routes or inert gas evaporation and condensation
process of preparing NsM [46]. In some cases contamination plays a important
role for deciding the fina phase formed due to milling, especialy amorphous
phase formations [6] but in some other cases contamination is introduced

intentionally to produce ceramics or nanocomposites [46].

1.2 Metallurgical phase transformations in alloys

The different types of diffusional phase transformations possible in
binary alloys can be divided into the following groups. a) Precipitation
reactions, b) Eutectoid transformations, c) ordering reactions, d) massive
transformations, and €) Polymorphic changes [194]. Figure 11 shows the
different types of binary phase diagrams that are representative of these
transformations. We will not consder diffusonless transformations like martensite.

Precipitation transformations can be expressed in reaction terms as
follows

a—a+np,
where d is a metastable supersaturated solid solution, B is a stable or
metastable precipitate, and a is a more stable solid solution with the same
crystal structure as a, but with a composition closer to equilibrium (figure
1.1a).

Eutectoid transformations involve the replacement of a metastable
phase (y) by a more stable mixture of two other phases (a + p) and can be
expressed as

Yy —>a+p

This reaction is characteristic of phase diagrams, such as those shown in
figure 1.1b.
Both precipitation and eutectoid transformations involve the formation

of phases with different compositions to the matrix and therefore long range



17

diffuson is required. The remaning reaction types can, however, proceed
without any composition change or long-range diffusion. Figure 1.1 ¢ shows
phase diagrams where ordering reaction can occur. In this case the reaction can
be smply written as
a (disordered) - o (disordered)

Here disorder means that dl the lattice positions are occupied by alloy atoms
randomly and ordered means that the lattice sites are grouped into sublattices,
each of which is occupied predominantly by one species of atoms.

In a massive transformation the original phase decomposes into one or
more new phases, which have the same composition as the parent phase, but
different crystal structure. Figure 1.1d illustrates two simple examples of the
type

B—a,
Where only one new phase results. which can either be stable (figure 1.1 d(i) or
metastable (figure 1.1 d(ii)).

Polymorphic transformations are the simplest transformations and not of
much interest. These kinds of transformations occur in systems where different
crystal structures are stable over different temperature ranges, Figure 1.1 e.

The change in Gibbs free energy caused by homogeneous alloying of
two elements (A and B) is given by AGpnix = AHuix - TAS,ix, Where AHpix
(also known as heat of solution) is the heat absorbed or evolved by mixing, and
ignoring volume changes during the process at atmospheric pressure, it
represents only the difference in internal energy (U) before and after mixing.
AS,ix is the difference in entropy before and after alloying. In the above
expression AS,. is adways '+ve' and AH,ix can be ether '+ve' or ‘-ve’,
depending on the bond energies of the constituent atoms, assuming the so
caled quas chemica approach, wherein the volume change during mixing is
neglected. AHpix (Or AUy ) is '+ve' for the alloys, which have thennodynamic

tendencies to precipitate or decompose to A-rich and B-rich regions. This
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transformations. (&) precipitation, (b) eutectoid, (c) ordering, (d) massive, and
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means that A-A and B-B bonds are preferable then A-B bonds. On the other
hand for aloys having thennodynamic tendencies towards ordering, AHpix IS '
ve' indicating that A-B bonds are preferable than A-A or B-B bonds.

Long range and short-range atomic diffuson is the underlying
mechanism in al these transformations. Many of these transformations occurs
through nucleation and growth but in some cases of order-disorder
transformations there can be a continuous increase in short-range-order by
local rearrangements occurring homogeneously throughout the crystal which
finally leads to long range order.

In the following section we discuss about a the special class of
precipitation transformation (known as Spinodal decomposition), where there

is no barrier of nucleation.
1.2.1 Spinodal decomposition

The phase diagram (temperature vs composition) responsible for
Spinoda decomposition of an dloy is shown in figure 1.2a The homogenous
aloy with initia composition X, could be formed by some nonequilibrium
methods (such as MA) with free energy Go on the G curve, shown in figure
12b. However the aloy will be immediately unstable because small
fluctuations in composition that produce A-rich and B-rich regions will cause
the total free energy to decrease. Therefore 'up-hill' diffusion (diffusion from
lower concentration side to higher) takes place as shown in figure 1.3a until the
equilibrium compositions X; and X, are reached. The change in Gibbs free
energy by small fluctuation of compositions on either side of X, is given by
AGe = (d G/ dX) (AX) . Therefore the Spinoda process can occur for any
arbitrary composition where the free energy curve has a '-ve' curvature, (i.e.
d’G/dX* < 0). This means that the aloy must lie between the two points of
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Figure 12: Alloys between Spinodd points are unstable and can decompose
into two coherent phases a; and o, without overcoming an activation energy
barrier. Alloys between the coherent miscibility gaps and the Spinodal (X¢) are
metastable and can decompose only after nucleation of the other phase,[194].
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no nucleation barrier, Spinodd decompaodtion occurs. [ 194].
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inflections on the free energy curve (figure 1.2b). The locus of the points on the
phase diagram, figure 1.2a, is known as the chemical Spinodd.

If the alloy lies outside the Spinodal (X, in figure 1.2a), small variations
in composition lead to an increase in free energy and the alloy is therefore
metastable. The free energy of the system can only be decreased in this case if
nuclei are formed with a composition very different from the matrix.
Therefore, outside the Spinodd the transformation must proceed by a process
of nucleation and growth. Norma down-hill diffusion (diffusion from higher
concentration side to lower) occurs in this case as shown in figure 1.3b.

The rate of Spinoda transformation is controlled by the interdiffusion
coefficient, D. Within the Spinodd D<0 and the composition fluctuations
shown in figure 13 a will therefore increase exponentially with time, with a
characteristic time constant T = - X?/ 47D, where X is the wavelength of the
composition fluctuations (assumed one-dimension). The rate of transformation
can therefore become very high by making X as small as possible. However by
considering the gradient energy (arisng due to interfacial energy, the
magnitude of which depends on the composition gradient across the interface)
and the coherency drain energy (arising due to misfit strain between A and B-
rich regions) contributions to the total Gibbs free energy change, there is a
minimum value of A below which Spinoda decomposition cannot occur [194].
The typical value of X is~5 nm. Figure 1.3c shows the coherent miscibility gap
and the coherent Spinoda region, which is the region defining the equilibrium
compositions of the coherent phases that result from Spinoda decomposition.

1.3 Mossbauer effect

Since it's discovery in 1957 by Rudolph Mossbauer [195], Mossbauer
spectroscopy emerged out to be a versatile tool to study various physical (in
particular condensed matter physics), chemical, biological and space materials.

The application of Mossbauer spectroscopy is widespread in spite of the fact



23

that only a few dozen isotopes (most commonly Fe, Sn, and Eu) are
recognized as potential Mossbauer isotopes that satisfy the criteria specified for
the correct and useful implementation of the technique [196-200]. The
recoilless emission of y-rays and resonance absorption by an identical nucleus
Is known as Mossbauer effect. The recoil energy (Eg) experienced by aisolated
nucleus undergoing transition from excited to ground state resulting in the
emission of y-rays is given by
E}'z

ER: 2 (11)
2 mc

Where E, 1s the energy of the emitted y-ray photon, m 1s the mass of the
nucleus and c is the velocity of light. Typical values of E, and Er are in the
range of 10" eV and 107 V. In case of "Fetransition E, = 14.4keV and Ey =
195 x 100 eV. The same amount of recoil energy is experienced by the
absorbing nucleus also. The net result of these recails is to shift the emitted and
absorption line profiles each by an amount Ex and overall by an amount 2Eg, as
shown in figure 14a The naturd line width of the y-radiation i1s determined by
Heisenberg uncertainty relation AEAt > h/2n. More conveniently, this can be
written as " (eV)= (4.562 x 107'°) / (t,, (5)), where I = AE, the spread (FWHM)
in energy and t,, is the haf life of the excited state which is related to the mean
life time (At) of the excited state by At=In2 x t,, . The values of T typicaly
range from 10° to 10” eV and the vaue for *’Fe is 4.67 x 107 eV. This is
nearly 10° times less than the value of ER and hence there will not be any
chance for resonance absorption because the basic criterion for resonance
absorption is overlap up to a cetain extent between the emission and
absorption profiles. As shown in figure 1.4b, in agas at finite temperature there
Is very small overlap between the emission and absorption profiles due to
Doppler broadening (Ep ~ 107 eV) arising from the motion of the emitting and
absorbing nucleus. This much overlap is not useful for any practical purpose.

The dituation can be compared with the ultraviolet absorption by an atom,
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Figure 14: (a) Shift in y-radiation energy (E,) of a free nucleus due to recoil
energy (Eg); I'is the Heisenberg width. (b) Emission and absorption profiles in

presence of Doppler broadening (ED).
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where Er is of the order of 10"™° eV and Eujavieler is Of the order of 6.2 eV and
Ep is of the order of 10" eV. Hence strong absorption takes place due to large
overlap between the emission and absorption profiles. Problem arises for
energetic nuclear transitions. The effect of recoil was tried to be compensated
by imparting Doppler velocity and hence increasing Ep. The magnitude of
Doppler velocity required for Hg source and absorber was very high, ~7 x 10°
mmy/s, and the recoil was not eliminated but compensated [201]. Mossbauer
effect eliminates the recoil leading to atechnique where resolution of the order
of 1 partin 10'%is obtained.

Mossbauer effect is redlized by embedding the nucleus in a crystal
lattice. The recoil energy is transferred to the crystal vibrational energy i.e.
phonon energy spectra (having energy of the same order of magnitude as ER).
However because the phonon energies are quantized (e.g. ho, 2ho, 3ho, ...
for a phonon mode of vibrational frequency of ), there exists a finite
probability of having a fraction 'f of y-ray photons, which will not excite the
phonon energy spectra. This fraction is called recoil free fraction and this
process is caled zero phonon process. If 'f represents the recoil free fraction
then (1-f) represents the fraction of y-photon undergoing recoil by exciting
phonon spectra. Lipkin [202] has shown assuming only lowest energy (i.e. hw)
phonon excitation through many y-transitions that average energy transferred
per event is exactly free atom recoil energy

(1-f) ho= Eg
or, f=1- Ep/ ho (1.2)
Therecoil free fraction is given by
f= (const) (| <L; | ¢'**| L") (1.3)
where Lj's are the vibrational states assuming nuclear decay is independent of
the vibrational state of the lattice and vice versa [203], k = (p/h) is the wave
vector of the y-ray photon. If we employ Einstein's model of lattice vibration, f

can be written as
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f=exp(-Er/ hog) = exp(-Er/kOE) (1.4)
Where o is the frequency of vibration and 6 is the characteristic temperature
of the lattice given by kb: = hog . If Egx « kO then f = 1- (Er/ kOg), which is
of the form of equation (1.2).

Considering Debye model of lattice vibration, with vibrational
frequencies ranging continuously from zero up to a maximum wp and
following a distribution formulaN(w) = (const) x o, we get

Op/T
£ exp [- (6Ex / kOp) {(1/4)+(T/ap)? Jo ¥ X/ (XPXFD ) o

where Debye temperature 6p is defined as hwp =k6p.
The above equation (1.5) is often expressed as f= exp(-2W); W is called as
Lamb-Mossbauer factor. Theoreticaly this factor is linearly proportional to T
at high temperature (T> 6/2) using harmonic approximation, but in practice
deviation from linearity, which could be explained by incorporating
anharmonicity of lattice vibration in the model. We have seen that there exists
a finite probability of recoil less emission and similar arguments could be given

for the finite probability for the recoil less absorption process also.

The resonance absorption cross-section a an energy E, is given by the

Lorentzian distribution of the form [204]

O'(E) = L e —— (16)
(B-E))* +((Tw2)"
Where I, is the Heisenberg width at half height of the absorption profile and Go

Is the effective cross-section given by

21 + 1 l

o = 27A°
2l +1 l1+a

Where [, and I, are the nuclear spin quantum numbers of the excited and

ground states and a is the internal conversion coefficient (defined as the ratio
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of the number of conversion electrons to the number of y-ray photon emitted)
of the y-ray of wavelength X. Using the usua relation between X and E, we
obtain the expression
2446 x 10 21, + 1 1
6o(Cm?) = (1.7)
(E, keV)’ 2l +I 1+ a

oo values are expressed in units of bams (=10"%* cm?). It is important that the
cross-section for nuclear resonance absorption should be higher than that for
any other method of y-ray attenuation, such as photoelectric absorption.
Equation (1.7) shows that the desirability of a high absorption cross-section
requires that both Ey and a should have low values: this criterion puts
restriction to many naturally occurring isotopes to exhibit Mossbauer effect,
only those which have low lying nuclear excited states are useful for
M ossbauer spectroscopic technique.

The preceding equation aready indicates the numerous parameters
which will influence the intensity of an emission-absorption resonance:
(1) Nuclear properties: the cross-section of y-ray absorption and hence E,, I,

Ig, and a
(2) Source properties. the recail free fraction f;, and the Heisenberg width I’
(3) Absorber properties. the recoil free fraction for absorption f; and the

Heisenberg width I,

Though complete general evauation of the problem is impossible, but
Margulies and Ehrman [205, 196] have given an expression of y-ray
transmission through a uniform resonant absorber based on the assumption that
both source and absorber have the same natura line width (I= I':= T'y).
According to them, ideal Lorentzian line shape is obtained for an absorber
thickness tending to zero but for an absorber with finite effective thickness also

the line shape is basically Lorentzian with extra broadening due to thickness.
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They have shown that the optimum absorber thickness for *’Fe Mossbauer
experiment is 10 mg of natural Fe / cm?.

1.3.1 Hyperfine interactions
The key feature of Mossbauer spectroscopy is its ability to detect
small energy changes of the nucleus due to it's interaction with the surrounding
electrons. These interactions are termed as hyperfine interactions. The
interaction Hamiltonian can be written as
H=E,+E+M+ = . (18
Where E, refers to electric monopole (i.e. Coulombic) interaction between the
nucleus and the electrons; E, refers to eectric quadrupole interactions; and M,

refers to magnetic dipole interactions.

a. Electric monopole interaction (Chemical isomer shift (1S))

It arises from the Coulombic interaction. Electrons of charge (-e)
in the field of a point nucleus of charge (+Ze) experiences a normal Coulombic
potential and the integrated electro static energy will be

dt
Eo=-@zé/x) | P (1.9)

Where K is the dielectric constant of vacuum, r is the radia distance from the
nucleus, and —ep, is the charge density of the orbital electrons in the volume
element dt. However, the nucleus has a finite volume and this must be taken in
to account when considering nucleus-electron interaction because an s-electron
wave function implies a non-zero electron charge density within the nuclear
volume.

If we assume a spherical nucleus of finite radius R, then equation (1.9) is
still correct for r>R, but for r<R, the electrostatic energy is given by

E=—ejpn(pe dt (1.10)



Where ep, is the uniform charge density of the nucleus over the sphere and ¢.
is the electrostatic potential of the electrons. The change W is the electrostatic
energy caused by the finite radius of the nucleus can therefore be expressed as

R R dt

W=e[p o dt—(Ze’\ZZ/K)J' p ——
o e T

on e (1.11)

Because of the lack of knowledge of the precise charge distribution and
potential inside the nucleus if we further assume a continuous potential which
has the same gradient at =R to that of the point nucleus Coulombic potential,

then equation (1.11) becomes

247(p+1) | s (0) | * Ze?
W= (2Z / ay)*™ R** (1.12)
k2p (2p+1)(2p+3)I*(2p+1)
Where p=\f(1-0L2 Zz), o = e’/hc, ay is the first Bohr radius, Ws(0) 1s the non-

relativistic Schrodinger wave-function of the s-electron at r=0, and I is the
gamma function.

During the course of nuclear y-transition, it is usua for the effective
nuclear size to dter, or in other words the nuclear radii (Re and R;) in the
excited and ground states are different by (SR = Re-Rp). The difference in
energy by the nuclear radius change 5R will then be

24n(pt+1) | ws(0)| % Ze? SR
AW= AR - i — (1.13)
k(2p+1) 2p+3)E(2p+1) R

The chemica isomer shift (IS), 1, as measured in a Mossbauer
experiment is a difference in energy between two chemical environments A

and B and from equation (1.13) is seen to be
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24m (P14 Ws(0)a | > | ws(0)s] }7¢2 SR
= —— — (2z/ay)™? R* — (1.14)
k(2p+1) (2p+3) I (2p+1) R

This can be simplified by assuming p=1, which is not strictly valid for
the heavier elements (for Z= 26(Fe) p=0.98 and for Z=80 (Hg) p=0.80), with
k=1 and p=lI,

1= (4/5) nZe*{|ws(0)al* - [ws(0)p*} R? (SR/R) (1.15)

The nucleus will usually be dightly non-spherica and the chemical

isomer shift is therefore frequently designated in terms of the differences in the

rms radii of the excited and ground states,
1= (2/3) nZe*{|ws(O)al” - [ys(0)sf H{<R> - < Rg™>} (1.16)

Where {<R.>>- < Rg*>} = (6/5) R? (8R/R) and 8<R*>/<R*> =2(5R/R)
R= 12 x A" fm to a close approximation. Equation (1.15) and (1.16) can be
seen to be the product of a chemica term and a nuclear term. If the election
densities are known, the latter can be caculated or vice versa. In practice the
nuclear term is a constant for a given transition, and for chemical applications
the important equation is

I = Const x {|ys(0)al’ - [ws(0)sl*} (1.17)
Figure 1.5c shows the effect of IS in case of Fe.

A and B are normaly the absorber and source respectively. [Ws(0)
should not be confused with the number of s-electrons in the atomic
environment. It is the s-electron density at the nucleus, and as such will be
effected not only s electron population but also by the screening effects of p-,
d-, and f-electrons and by covalency and bond formation, that is by the
chemical bonding of the atom. If (R/R) is positive, a positive chemica isomer
shift implies an increase in s-electron density at the nucleus in going from

source to absorber. If (8R/R) is negative the same shift signifies a decrease in s
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election density. Electronsin 1s, 2s, 3s, .... shels dl contribute to 1ws(0)| but
in decreasing amounts as the principal quantum number rises. However the
inner shells are not markedly affected by chemical bonding so that the principal
influence on the chemical isomer shift will be by outermost occupied s-orbital.
Shielding by other electrons effectively increases the s-radial functions and
decreases the sdensity at the nucleus. For example, a 3d°4s' outer
configuration will have a higher s-density than 3d’4s'; likewise for 3s*3p®3d®
because of the penetration of the 3d-orbitals into the 3 s.

The IS vaues gets affected dightly by temperature variation as
shown in figure 1.5f, this arises due to second order (relativistic) Doppler shifts
of the energy levels. The application of external pressure also slightly affect the
observed IS values [196].

b Electric quadrupole interactions

The existence of an electric quadrupole interaction is one of the most
useful features of Mossbauer spectroscopy. The theory is closely related to that
used in nuclear qudrupole resonance spectroscopy [206]. Any nucleus with a
spin  quantum number of greater than 1=1/2 has a non-spherical charge
distribution, which if expanded as a series of multipoles contains a quadrupole
term. The magnitude of the charge deformation is described as the nuclear

guadrupole moment Q, given by

eQ =j pr’2 (3(cosf)™2 - 1) dt (118)

Where e is the charge of the proton, p is the charge density in a volume
element dt, which is a a distance r from the center of the nucleus and making
an included angle O to the nuclear spin quantization axis. The sign of Q
depends on the shape of the deformation. A negative quadrupole moment
indicates that the nucleus is oblate or flattened along the spin axis, whereas for

apositive moment it is prolate or elongated.



In a chemically bonded atom, the electronic charge distribution is
usually not spherically symmetric. The electric field gradient at the nucleus is
defined as the tensor E;; =-V;; = - (82V/6Xin )(xi, X; = X, Y, Z) Where V is the
electrostatic potential. It is customary to define the axis system of the resonant
atlom so that Vzz =eq is the maximum vaue of the field gradient. The
orientation of the nuclear axis with respect to the principal axis, z, is quantized.
There is an interaction energy between Q and eq which is different for each
possible orientation of the nucleus.

The Laplace equation requires that the electric field gradient be a
traceless tensor, i.e. the sum of the second derivatives of the electrostatic
potential vanish:

VitV +Vyy =0 (1.19)

Consequently, only two independent parameters are needed to specity
the electric field gradient completely, and the two which are usually chosen are
V, and an asymmetry parameter r\ defined as

N=Vu— Vy)/Vz (1.20)
Using the convention that | V,,| > | Vyy | 2| V| ensures that 0<n <I.

The Hamiltonian describing the interaction can be written as

H=————— (Va I + Ve [ + Vi 1) (1.21)
21(21- 1)

Where | is the nuclear spin and I, , I, , 1, are the conventional spin operators.

Using equation (1.22) the Hamiltonian therefore becomes
equ 72 T2 §2
H=———[3L" -10++ (1l - I})] (1.22)
4121- 1)

equ o 2 72
H=—— 31,7 11+ 1)+ n( 1" - 1] (1.23)
41(21- 1)
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Where 1+ and |. are shift operators.

The simplest case to consider is when the eectric field gradient has axial
symmetry, i.e. V=V, and n=0. The matrix elements for the nucleus of spin |
are given by

e’qQ
<L'|H|L>=——— [3L2 -1+ 1)]5 . (1.24)
4121- 1)

l> and |I;> are two different quantum states of the orientation and &y, 1, is a
Kronecker delta such that 8, ,=0 unless I,=1,. In other words the matrix is

diagonal in form and the energy levels are given directly by

Q.
Eg=—— 31,2 = I(I+1)] (1.25)
41(21- 1)

Because of the quadrupolar interaction the | = 3/2 nuclear energy level
will be split into two distinct energy eigenvalues of +e’qQ/4 (for 1, = + */, ) and
~e’qQ/4 (for 1= '/,). Using change in z-quantum number, AZ ((I)e —(I2),)),
to be equal to O or £1 we get two lines for y-ray transition between the levels.
The *'Fe energy level diagram with allowed transitions is shown in figure 1.5e.
Energy separation between the lines is | €’qQ/2|, which is also known as the
gudrupole coupling constant. The magnitude of the quadrupole interaction is
product of two factors: eQ is the nuclear constant and eq arising from
electronic chemica environments. The observed sign of equ IS an important
factor in deciding the origin of EFG. For non-zero value of n the above
expression of equation 125 is multiplied by a factor of (1+0%/3)" for | = 3/2
state. The transitions with AZ vaues equals to £2 are aso alowed with non-
zero values of r| [207]. It should be noted that in pure Fe with cubic symmetry,
no EFG is possible at the nucleus. For Fe atoms in ferromagnetic alloys, such

as FesAl, the presence of the solute atoms in the nearest neighbour shells of Fe



breaks the cubic symmetry but the resultant EFG in most of the cases is
negligible in comparison to the magnetic hyperfine interaction (discussed in the
next section).

c. Magnetic hyperfine interaction

Third important hyperfine interaction is nuclear Zeeman effect. This will
occur if there is a magnetic field at the nucleus. The magnetic field can
originate either within the atom itsdf, within the crysta via exchange
interactions, or as a result of placing the compound in an externaly applied
magnetic field; for the moment, however, it is only necessary to consider that
there is a magnetic fiedd with a flux density of H and that its direction defines
the principal z-axis.

The Hamiltonian describing the magnetic dipole hyperfine interaction is

H=-pH=-guyI-H (1.26)
Where iy is the nuclear Bohr magneton (eh/2Mc), p is the nuclear magnetic
moment, | is the nuclear spin, and g is the nuclear g-factor, which has the value
of 5.04929 x 10" * ergs per gauss or 5.04929 x 10" %" J T']. The energy

eigenvalues are

-uHmy

Em = == BHUN HIT]]

I
Where m; is the magnetic quantum number. The magnetic field splits the

nuclear level of spin | into (21+1) equi-spaced non-degenerate sub-states. As
aready seen for quadmpole spectra, the Mossbauer transition can take place
between different nuclear levels if the change in my value is 0, 1, or
additionally in some cases +2. The alowed y-ray transitions for *2— % nuclear
levels of ’Fe are illustrated in figure 1.5d. The level splitting are according to
g-factors of excited (negative g) and ground states.
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In a similar way to the chemical isomer shift and quadrupole splitting,
the magnetic hyperfine effect is the product of a nuclear term, which is a
constant for a given Mossbauer transition, and a magnetic field, which as will

now be discussed, can be produced by the electronic structure.

d. Origin of nuclear magnetic field
The magnetic fied at the nucleus can originate in several ways [208,
209]. A genera expression would be
H=Ho-DM +*; M + Hg+ H_ + Hp (1.28)
Ho is the value of the magnetic field at the nucleus generated by an externa
magnet. The next term - DM, is the demagnetising fied and */; aM is the
classical Lorentz field (the coefficient is gtrictly applicable for cubic symmetry
only), but both are small. Hs arises due to the interaction of the nucleus with an
imbalance of s-electron spin density at the nucleus-also referred to as the Fermi
contact field. Its origin may be from intrinsic unpairing of the actual s-electron,
or indirectly as aresult of core or conduction electron polarization effects on
filled s-orbital, which can occur if the atlom has unpaired electrons in d- or f-
orbitals, or if it is chemically bonded to such an atom.
H, arises due to non zero orbital magnetic moment of the parent atom.
The find term in equation 128 arises from the dipolar interaction of the
nucleus with the spin moment of the atom. This term is zero in cubic symmetry
for transition elements, but can be large in rare earths because L is not
quenched. The term Hs, H;, and Hp can al be of the order of 10° -10° Gauss
and their sum is usually referred to as the internal magnetic field or hyperfine
magnetic field (HMF). The sign of an HMF can be determined by applying an
external field (typically of strength of 30-50 kG produced generaly by
superconducting magnets), which will cause the apparent HMF to increase or
decrease according to whether the applied field is parallel or anti-paralel to

HMF. The temperature dependence of HMF follows Brillouin function,
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becoming zero at the Curie or Neel temperature. It is clear now that the origin
of HMF is basically electronic.

The presence of solute atoms in the nearest neighbour environment of a
Mossbauer isotope (say Fe) in dloy systems &ffect the HMF at the Fe atom
which is proportional to the change in local magnetic moment at the *’Fe atom,
because of the loca and non loca core and conduction electron polarization
induced by the solute atoms. Magnetic polarization model [210, 211] has been
used to obtain the total perturbation of the °’Fe HMF due to the presence of
solute atoms in the nearest neighbour shells.

e. Intensities of the* Fe absorption lines

It is possible to calculate the relative intensities of the absorption lines
from the theory of the coupling of two angular momentum states, using
appropriate Clebsch-Gordan coefficients under dipolar transitions. The angular
dependence of the alowed transitions in the nuclear Zeeman pattern are given
in table 1.1, where 6,, is the angle between the direction of the magnetic field at
the nucleus and the propagation of the y-radiation. For a polycrystalline sample
free of texture and without any externa magnetic field, the total radiation
pattern is isotropic. By integrating over al directions we can get the relative
line intensities for the sx Zeeman-split lines arisng from randomly oriented
magnetic domains, which are 3:2:1:1:2:3. The observed intensities will be
different for 6, values of O and 90° respectively. For the quadrupole split
spectrum the line intensities are equal for random orientation of EFG tensor

and the y-radiation direction.



Table 1.1: Angular dependence of the allowed transitionsin a pure

Zeeman pattern of ¥'Fe

Transition Am;  Angular dependence line positions  Intensity
+3/2—>+1/2 £ Y (1 + cos’0,,) outermost lines 3
+12—+12 0 sin’0,, middle lines 2

F12ox12 --Fl Ya (1 + cos”0m) innermost lines I

The above-mentioned interactions are the mgor interactions seen in
Mossbauer spectroscopy. Apart from these it may be possible that both EFG
and HMF are present at the nucleus in which case the separation between the
Zeeman-split lines does not reman the same; separation between first and
second lines will be different from that between fifth and sixth lines. Another
deviation known as relaxation phenomenon is seen in cases where electron spin
(generating the HMF) relaxation time becomes comparable to the Mossbauer
excited state life time or in other words y-transition time. A motional narrowing
of the HMF is observed in such cases. Superparamagnetic behavior is another

effect seen for small sizes of the resonating particles.

14 Phase transformations in nanocrystalline alloys

This work describes the phase transformation behaviour of alloys prepared
in the nanocrystalline date. Phase transformations were observed to be
different from that of the coarse grained microcrystalline alloys due to the
presence of a large volume fraction of grain boundary regions as well as due to
the nano size of the grains. For grain sizes in the nanometer range, the surface
energy contribution to Gibbs free energy modifies the Gibbs free energy of a
phase relative to the bulk system and affects the stability of a phase. The
enhanced rate of atomic diffuson through grain boundaries also influenced the

phase transformation behaviors in the nanocrystalline alloys studied.



Sample preparation, seadling apparatus and furnace set-up for heat
treatments, measurement techniques used, and data analysis procedures
adopted are described in chapter 2. The atomic disorder to order transformation
Is discussed in chapter 3. It is shown that in case of nanocrystalline Fe-Al
alloys near FesAl stoichiometry the kinetics of equilibrium DO; ordered phase
evolution from an initial disordered state was of in order due to faster diffusion
through grain boundaries as compared to a 3 order process obtained in
microcrystalline aloys. The growth of DO3; order was limited by the grain size
and a substantial amount of B32 ordered phase was stabilized in the anti phase
domain boundaries between equilibrium DO3 ordered domains. The evolution
of DO; order in Fe-Ge systems (~FesGe and FeygsGeyi7 compositions) was
also studied. Equilibrium B2 order in FeCo-X (X=Mo, Ge, W) alloys evolved
along the same kinetic path at different temperatures due to the grain boundary
regions providing rapid short-circuited diffuson paths for atom movements.
On the evolution of DO; order in Fe;,Mn,Ge (x = 0.3, 0.45, 0.6, 0.75) aloys,
Mn atoms were segregated to GB regions from an initia disordered state
instead of going preferentialy to the 4(b) Wyckoff ste of the DO3 lattice,
which was the case for microcrystalline alloys. The same grain growth kinetics
was observed at the ordering temperature for both Fe-Ge as well as Fe-Mn-Ge
systems.

The formation of homogeneous aloys and subsequent phase
decomposition behavior in Fe-Cr system is discussed in chapter 4. It is found
that near the equiatomic composition region the decomposition proceeds
through Spinodal Decomposition (SD) process. The temperature independent
linear relationship between grain growth and SD is the key feature of this
study.

Precipitation phase transformation in Fe rich Fe-Mo alloys was found to
be taking place through a coherent Mo clustering to GBs from the initia

disordered matrix. A concept of negative surface energy was introduced to
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explain the Mo clustering beyond a critical grain size of the homogeneous
alloy. The formation of the equilibrium Fe;Mo phase took place in the GB
regions without any reentrant dissolution of Mo atoms in the Fe matrix, this
was in contrast to what observed in polycrystalline alloys. This behavior is
dealt with in chapter 5.

In the last chapter Fe-Ge nanocrystalline aloy system is discussed
undergoing massive structural phase transformation. We observed that the DO3
ordered a,; phase did not transform to the equilibrium L1, ordered € phase until
a critical grain size was reached. This was shown to be due to the higher
surface energy contributions to Gibbs free energy in the fcc phase as compared
to the bcc phase, which rendered the bcc phase stable relative to the fcc phase

for smal grain sizes.
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Chapter 2

Experimental Techniques



In this chapter | discuss the various experimenta techniques used in this
work, such as sample preparation methods, heat treatments, Mossbauer data

acquisition system and analysis procedures.

2.1 Sample preparation by mechanical alloying

The aloy samples were prepared by mechanical aloying of high purity
elementa powders in a SPEX 8000 mixer mill from CERTIPREP, USA.
Hardened steel via and a st of gx bals (two of diameter 4" and four of
diameter 4") were used to prepare the aloys. A schematic drawing of the
stainless sted vial and balls and the process of milling are shown in figures 2. la
and 2.1b. The bal to powder weight ratio chosen was 5:1. The elemental
powders were weighed according to the desired composition and transferred to
the vial. The net powder weight was around 4.2 grams and the balls weight was
around 21 grams. The vid with the powders and the balls was seded in high
purity (IOLAR 11 grade from British Oxygen Company) Argon atmosphere in a
glove bag before the milling was started. The via, containing the sample and
grinding balls, was secured in the clamp of the milling apparatus. The back-and-
forth shaking motion of the mill is combined with latera movements of the ends
of the vial, so that the vial appears to be describing a figure 8 or infinity sign as
it moves. With each swing of the via the balls impact againgt the sample and
the end of the vial, both milling and mixing the sample. Because of the small
amplitude (about 5 cm) and high speed/frequency (about 1200 rpm) of the
clamp motion, the ball velocities are high (of the order of 4 - 5 m/s) and
consequently the force of the ball's impact is unusudly great giving rise to high-
energy alloying/milling.

Figure 2.2 shows the aloying behavior observed from the Mossbauer
HMF distributions in case of Fe-Ge dloy chosen as a representative system. It
was observed that a milling time of about 20 hours was necessary for the

formation of a homogeneous daloy. This was confirmed for the aloy
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ball-mill apparatus and b) the process of structure refinement by
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Figure 2.2: Hyperfine magnetic field distributions evaluated from the
Mossbauer Spectra recorded after milling of elemental Fe and Ge for
different periods of time to see the formation of the solid solution
(typically after ~20-24 h) with Fe  Ge  composition.
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composition Fe.73Ge027 by milling the powder mixture for various periods of
time ranging from 8 hours to 24 hours. Samples were drawn after different
milling times and Mossbauer spectra were recorded. During the initial stages of
milling, up to 14 hours the HMF distributions were narrow and the peak at
around 330 kOe arising due to unmixed pure crystalline Fe was prominent. The
field distributions started getting broadened with the peak positions shifting
towards the lower values after 16 hours of milling and after 20 hours of milling
the distribution became broad and did not show any further change. At this
stage the fidd distribution corresponded very wel with the binomia
distribution characteristics of a disordered aloy. However for this as well as
other subsequent Fe-based aloys studied in this thess we have continued the
milling up to 24 hours, if not mentioned otherwise, to obtain disordered bee (A2
structure) a phase aloys (solid solutions) in the as-milled state. Similar alloying
behavior was aso observed in the case of Fe-20 a. % Cr aloys and will be
discussed in chapter 4 later.

Mechanical milling (refinement of structure) and disordering as studied in
case of Fes;.xMn,Si, with x = 0.3 (hereafter will be referred as FeMnS)), dloy are
shown in figures 2.3 and 2.4. The FeMnS dloy was prepared earlier by arc
melting in the arc-melting furnace, mode AF-92C from MRC, NY with a
LINCOLN dc arc welder model IDEALARC R3R-400. The arc-melted button
was milled for periods from 45 minutes up to 17 hours in succession (i.e. the
same button was milled and after every stage of milling sample was taken out to
record Mossbauer and powder XRD data). The grain size reduction (figure 2.3a)
with milling is similar to that observed earlier in various systems [ref 6 and 47
of chapter 1]. Nano-meter sized grains resulted after 45 minutes of milling with
a dow decrease in grain size with further milling. The presence of peaks in the
Mossbauer hyperfine fidd distribution (figure 2.4a) instead of a broad
distribution indicates that the arc melted sample was formed in partially DO3
ordered state. This partial ordering was completely destroyed after 45 minutes
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Figure 2.4:HMF distributions of (a) partialy ordered and (b) disordered
(by milling) Fe, Mn S dloy. The cdculated binomia random
probability distribution iS shown in (c). The reasonably good match
between (b) and (c) shows the formation of the disordered aloy by just

45 minutes of milling.
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of milling and a disordered bee dloy resulted having a broad distribution (figure
2.4b) matching very well with the binomia probability distribution (figure 2.4c)
applicable for the solute configurations around Fe atoms in a disordered alloy.
The field values assigned to various solute configurations of Fe atoms in the
random distribution were according to 1* nn perturbation model (equation 2. |a,
discussed later). The details of DO; ordered structure; the HMFs characteristics
of DO3 order will be discussed in chapter 3. This disordering process is adso
supported by the sharp increase in the lattice constant after 45 minutes of
milling (figure 2.3b) followed by asymptotic increase with time indicating anti
site disorder [Ref 6 of chapter 1]. Thus the process of grain size reduction and
disordering in a pre aloyed powder (MM and MD) is taking place just within
45 minutes which is order of magnitude lesser than the time required, of the

order of 20 hours, for MA, which was mentioned in chapter 1.

2.2 Heat treatments
Various phase transformation behaviors and the stability of the nano-

phase alloys against grain growth was studied by subjecting the as-milled
supersaturated metastable aloys to equilibrium heat treatments. By equilibrium
heat treatment we mean that the alloy samples were annedled at temperatures
corresponding to the equilibrium phase diagrams to see the desired phase
transformation. The samples were heat treated at different temperatures ranging
from 250°C- 520°C in borosilicate glass tubes for different periods of time
ranging from few minutes to few hours. In case of Fe-Mo alloy (chapter 5) one
heat treatment was carried out a 1100°C in fused quartz tube. The as-milled
samples were sealed in borosilicate glass tubes under Argon (IOLAR |l grade)
atmosphere with pressure of nearly 0.05 Torr before putting in the furnace to
avoid any oxidation. The furnace temperature was monitored by a Chromel (Cr-
Ni)- Alumel (Al-Ni) thermocouple with one end of the thermocouple at room

temperature (RT) and the other end a high temperature inside and near the



middle of the furnace without touching the inner wal of the muffle of the
furnace. The required temperature was maintained by a temperature controller
connected with the thermocouple and the temperature was measured by the
corresponding emf generated by the thermocouple with the help of a
milivoltmeter. The sample carrying glass tube was put as close as the
thermocouple hot junction tip but without touching the tip. After the required
time of heat treatment the samples were directly taken out of the furnace

without reducing the furnace temperature and quenched in air.

2.3 Energy dispersive X-Ray (EDAX) composition analyss - attached to
SEM

The compositions of the asmilled samples were determined by EDAX
analysis. The EDAX detector and electronics assembly was attached to SEM,
model ESEM XL 30, from Philips. In this procedure the characteristic X-Rays
emitted by the elements (by eectron jump from higher energy shells to lower
energy K-shell once the original K-shell electrons were knocked out by the
energetic accelerated primary elections beam) were detected by the proportional
counter detector operated at liquid nitrogen (LN2) temperature. The derived
energy profile was plotted and the presence of different elements in the sample
studied gave rise to different peaks at the corresponding X-ray energies over the
background. The energy scale of the spectrometer was calibrated by recording
ultra pure Cu and Al samples spectra, which determined the two ends of the
energy scale precisely. From the podtion of the peaks the element was
recognized and from the intensity the atomic as well as weight percent of the
elements were determined using conventional ZAF (Z= atomic number, A =
atomic weight and F= fluorescence) matrix method.

The Fe contamination estimated was within 1-3 a. % for most of our as-

milled samples and for Fe-Cr systems it was less than even 1 at. %.
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2.4 Powder X-ray Diffraction

Most of our X-ray diffraction studies were carried out using a Philips PW
1830 diffractometer employing Cu K, radiation. Occasiondly in some cases we
have used INEL CPS 120 diffractometer employing Co K,, radiation. In case of
Phillips machine both Cu-K« and K., waveengths were present and we have
considered the weighted average wavelength value of 1.5418 A for dl our
calculations. In case of INEL machine we were able to separate out Co-K,,; and
K«2 wavelengths and used the value of K, (i.e. 1.78997 A) in dl calculations. It
will be discussed through chapter 3-5 that dl our as milled and heat treated
samples were of bec structure. Hence the average grain size was determined
from the line width of the fundamental (110) line usng the Scherrer formula
(grain size (S) = (KX) / (BCosOg), where K is constant, A, is the X-ray
wavelength, B is the FWHM (measured in radians) of the X-ray peak, and 26y
Is the position of the peak) with the values of 'K" in the formula taken to be 0.9
[1]. To obtain the experimental line width we have fitted the (110) line of our
X-Ray data using both Lorentzian and Gaussan functions and found that
Lorentzian line shape was better fitting the spectra with small grain sizes
whereas Gaussian and Lorentzian fits were comparable when grain growth up to
certain extent took place. However the actua values of the widths obtained
using these two functional forms were not very different from each other. This
was consistent with the earlier observations [1-3]. The line width due to
instrumental broadening was determined by recording the diffraction pattern for
microcrystalline pure Fe powder and fitted the pattern with Gaussian line
shapes. Figures 2.5a and 2.5b show the representative X-ray diffraction patterns
of the actual sample and that of pure Fe aong with the fits to the spectra. The
signature of the peak coming from Cu Ko, radiation is present as the hump (at
20 ~ 44.8°) in the pure Fe X-ray pattern. Because of this hump, in principle this
spectrum should be fitted to two Gaussian instead of one, but practically it was
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Figure 2.5:The fundamental (110) X-ray peaks arising from the bee structured
(@) as-milled and (b) pure Fe samples and the corresponding Lorentzian and
Gaussian fits to the peaks are shown.
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very difficult to resolve such closely spaced Gaussian and by trying to fit with
two Gaussian, the results emerging out were unphysical. We therefore restricted
the fitting to one Gaussian only and as a result in figure 2.5b though the top
portion of the experimental data is little bit off-fitted but even then the overal
fiting and the estimate of FWHM from the fitting is reasonable within
experimental errors. No separate signature of any pesk arising from Ko
radiation was observed for the case of nanocrystaline aloys because of the
broadness of the peak. The instrumental broadening was subtracted in
quadrature from the observed line widths of the nanocrystalline aloys to
determine the actual line widths to find the grain size. The lattice strain
detennination through Williamson-Hall (AK vs. K) method [1] was not possible
in our case due to insufficient number of lines. However the maximum lattice
strain of the as-milled aloys with similar compositions as ours was determined
earlier by Bansal et.al. [ref 173 of chapter 1]. The sran was within 1% and
which was released once the samples were subjected for ordering heat
treatments. No attempt was made to sudy the evolution of long-range order
from X-Ray diffraction due to smal intensties of the broad superlattice lines
arising from ordered domains and hence the insendtivity of the diffractometer
to detect these lines properly. It was expected that if the ordered domain size is
in few nanometer range [ref 24 of chapter 1] than the detection of the
corresponding broad superlattice lines attributed to these ordered domains over
the background would be very difficult and mostly impossible unless an
extremely sensitive diffractometer (not the Phillips machine what we used) is

employed.

25 Mossbauer Spectrometer
Mossbauer spectra can be recorded most commonly in two ways. 1)
employing a single line source with an absorber having different hyperfine

interactions generated nuclear energy level splitting or 2) employing a single
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line absorber with source having nuclear energy leve shift. In either of the two
ways the nuclear energy leve splitting have to be matched with the recoil freey-
ray energy to record the resonance spectra. One immediate and convenient way
of matching these energies is to impart a Doppler velocity to the single line
source or absorber and hence giving an first order energy shift (AE,) to the
incident y-ray energy (Ey) equals to AE, = (v/c) E,, where v is the relative
velocity between source and absorber. Depending on the variations of the
Mossbauer natural line widths (FWHM) and energy level splitting [4] the range
and precision of the Doppler velocities has to be selected. For example for the
standard Mossbauer absorbers such as pure Fe (where HMF ~ 330 kOe at RT),
Fe,O; (HMF ~ 515 kOe a RT), Fe;0; (HMF ~ 455 and 495 kOe at RT),
Sodium Nitropruside or stainless sed a velocity range of £9, £12, +12, +4 and
+2 respectively will be sufficient to record a spectra with good baseline and Fe
source. Some other ways of recording Mossbhauer spectra and designs of
spectrometer depending on specific gpplication are summarized in [9].

In our laboratory the Mossbauer spectrometer is operated in the constant
acceleration mode and it has the following four basic building blocks (adso
shown in figure 2.6):

a Mossbauer source

b Velocity drive and associated feedback systems

c y-Radiation detector system with associated electronics and
d PC based Mossbauer data acquisition system.

a Mossbauer Source: The Mosshauer source was prepared by Du Pont
Pharmaceuticals, USA by electrodepositing Co> nucle in 6 um thick Rh matrix
and annealing at 1050° C for 72 hours under hydrogen atmosphere. The source
has been sprayed with an acrylic coating. The strength of the source was 25.9 m
Ci (958.3MBq) with a haf life of 270 days.
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b Velocity drive and feedback system: The velocity drive unit was fabricated
locally by Nucleonix (modd MD 575) following the design of Kankeleit [6]. It
Is an electromechanical transducer and consists of a coil connected to a rod,
carrying the source. This coil is made of phosphor-bronze. This cail carries the
driving velocity signa and is the energizing coil. The coil and rod assembly
moves in a magnetic fidd produced by two permanent magnets. Another
phosphor-bronze coil, known as the pick-up coil is aso connected rigidly to the
rod, and the rod is held with the transducer at either end with springs.

The magnetic flux () linked with the pick-up coil is given by fy= Ja
nB.dA, where n is the number of turns in the coil, B is the magnetic flux density
and A is the area of the loop. When this coil moves in the magnetic field, then
according to Lenz's law, an induced emf is produced which is proportiona to
the rate of change of flux (d¢/dt) linked with the coil. This induced emf is a
replica of the driving waveform and this is fed to the error stage of the feedback
and power amplifier where it is compared with the reference velocity waveform.
The reference velocity waveform is triangular (constant acceleration) in shape
and is obtained by integrating the square input to the Mossbauer drive unit. The
feedback network adjusts to produce zero difference between the driving
waveform and the reference waveform. Figure 2.7 shows the velocity drive
assembly. Apart from triangular wave form the other form possible is sawtooth
wave to produce constant acceleration. The specific velocity range required for
different absorbers is obtained by changing the amplitude of the velocity

waveform.

c Y-Radiation detection sysem and associated electronics: A gasHilled
proportional counter from LND.INC, USA was used as the Mossbauer y-ray
detector. The gas mixture used was 97%Xe + 3% CO, a a pressure of 2
atmosphere with a Beryllium window 0.005" thick and having areal density
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22.5 mg/cm®. The detector bias was produced by a high voltage unit; model HV
211 from ECILL, India. A preamplifier with very high input impedance and low
output impedance was used, which was acting as a buffer (impedance matcher)
between the detector and the spectroscopy amplifier. This FET input charge
sensitive preamplifier was made by EG & G, ORTEC, USA. Spectroscopy
amplifier, model PA572 from ECIL-India, was used for amplifying and shaping
the detector output pulses. The output pulses from the spectroscopy amplifier
were fed to a single channe analyzer (SCA), model SC6048 from ECIL-India
and the TTL output pulses of the SCA were fed to the ADC card for counting
purpose. The detector bias, which was fed through the preamplifier, was
selected from the plateau region of the number of counts (pulses) from the
detectors vs. applied voltage curve with the Mossbauer source directly facing
the detector. The bias voltage was st between 2600-2700 volts. This high
voltage is achieved by using an oscillator coupled step-up transformer - a
voltage multiplier- in the output stage and a feedback system to maintain the

oscillator current and hence secondary voltage.

Mossbauer spectra were recorded in transmisson geometry with y-rays,
collimated using lead block. The radiations emitted from the Mossbauer source
were 6.3 keV X-rays. 144 keV and 136 keV y-rays. The high-resolution
proportional counter was detecting dl these three radiation and corresponding
pulses were produced. However we were interested only in the 14.4 keV y-rays.
So for obvious reasons we had to block the pulses produced by other radiations
to enter in to the counting system. This was achieved by setting the SCA input
voltage gates appropriately. Before setting these gates we recorded the so-called
pulse height spectrum (PHS) without putting any absorber between the source
and the detector and by keeping the SCA in the 'WINDOW mode, in which the
difference between the upper and lower leve voltages is fixed. The
spectroscopy amplifier gain, pulse shaping time, base line restoration and

polarity were properly set by observing the amplified detector pulses on the
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oscilloscope. Care was taken in choosing these parameters of the spectroscopy
amplifier so that there were not many saturated output pulses. In the PHS we
observed well-resolved two peaks (apart from the low voltage escape peak) in
different voltage intervals proportiona to the 6.3 and 144 keV incident
radiation. The sum peak corresponding to the (6.3 keV+14.4 keV) was also
observed with low intensity .The SCA lower and upper voltage levels were set
to the voltage values close to starting of 14.4Kev peak and ending of the sum
peak respectively and it was put in the NORMAL mode (where pulses between
the upper and lower level only were accepted and dl other pulses were
rgjected). In thisway 14.4 keV y-ray pulses were chosen and hence the signa to

noise ratio was improved.

PC based Mossbauer data acquisition system

In designing the Mossbauer data acquisition system one need to use a multi
channel analyzer (MCA) operating in the multi channd scaling (MCS) mode,
the mode in which different channels are accessed at different time intervals.
The time intervals correspond to the times during which the drive is moving
with velocity ‘v’ to 'v +dv’. In implementing this operation it is convenient and
cost effective to use a microprocessor based data acquisition system (MPDYS)
rather than a conventional MCA with involved hardware [7]. What dl one has
to do is to open a memory bank (channels) to store the counts (standard pulses
from the output of the SCA) in synchronization with the velocity of the drive.
Different channels correspond to different velocities of the source and in turn
different energies. Thus the counts vs. channe number data represent the
Mossbauer spectrum. Standard samples (eg. pure Fe) Mossbauer data are
recorded to calibrate the channe numbers to velocities from the known
separations of the Mossbauer lines in terms of velocity from other sources [ref
198 of chapter 1]. In principle we can increase the number of channels to have

better resolution of velocity but not up to ad-infinitum as it may detoriate the
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spectrum quality due to even marginad non-linearity in the drive velocity
waveform. Most commonly 256, 512, or 1024 channedls are addressed.

Our design of the data acquisition system was based on the PCL 208 High
Performance Data Acquisition Card (or ADC card) of Dynalog Microsystems
India. The card was plugged into the expansion dot of a PC to implement MCS
function of a MCA. The /O cad has an AD converter, an Inted 8254
programmable interval timer, and a DA converter on board. The timer 1C has
three 16 bit down countergtimers. The counters were set to binary counting
mode to enable them to count from 0 up to 65535. The counter registers and the
counters control register were configured to get the following counter
operations. Counter 1 was internally coupled with a clock of frequency 1 MHz
and is used to generate the dwell time of 100 |i-seconds. We organized 1024
(512 + 512) channels for our spectrometer. To implement this, Counter 2 was
st to down count by 1024 and give the current channd position by reading its
contents on the fly [8] to reduce the dead time in the MCS to the order of 0.5 M-
second. The third timer (Counter O, internally coupled with 100 kHz clock)
keeps track of the number of SCA TTL output pulses that come from the
radiation detector. For the purpose of synchronization the square wave to drive
thg Mossbauer velocity drive is obtained by software checking the counter,
which divides the dwell time by 1024. If there is a channel advance then the
DAC is output with zero for a current timer value greater than 512 and FF for a
value less than 512. The frequency of this square wave, fed to the Mossbauer
drive unit, was 10 Hz.

Mossbauer spectra with good counting statistics (~0.5M counts/channel)
were recorded. The spectrum recorded in the first 512 channels was the mirror
image of the spectrum recorded in the next 512 channels. Therefore the spectra
in these two halves were added by folding the overal spectrum w.r.t the zero

velocity channels in both the halves to increase the statistics of each spectrum
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(~1M counts/channel in the folded spectrum). SC A gates were set to get very

good signal-to-noise ratio.

e Mossbauer absorber preparation

There are various ways of preparing Mossbauer absorber. It can be in the
form of a foil or in the form of powder - either compacted in the form of pellet
or asitis. In our studies absorbers were prepared by spreading the fine powder
as uniformly as possible in the central hole (~12 mm diameter) of a copper plate
fixed on cello tape; in this way the sample was aso stuck to the cello tape.
Another piece of cello tape was fixed from top so that there was no chance of
the sample to fal and the copper plate with sample were firmly stuck to cello
tape pieces from both side. The amount of powder for the absorber was
caculated so that the natural Fe contents in the absorbers were closed to
10mg/cm?, which is ideally required according to Margulies and Ekrman [Ref
205 of chapter 1]. Hence we could safely assume no correction in the lines due
to thickness broadening and that al our absorbers were within the thin absorber
limit.

f Various methods of Mossbauer data analysis

Mossbauer spectra can be analyzed depending on the kind of interactions
resulting the spectra. If the spectrum results out of a single interaction or a well
resolved superposition of two or three interactions then the methods of Fast
Fourier Transformation (FFT) or % lest square fitting are adopted to fit the
spectrum. In these methods most commonly Lorentzian lines are generated at
different velocities/channel numbers and the smulated and experimental spectra
are compared by minimizing the quantity

N
S=9> =Z W;(C.(i)- Ci)y’ (2.1)
1=1



till the best fit with minimum %> value is obtained. In the above expression Wj's
ae the weight factors, C.(1) and C(i) are the experimenta and calculated
intensities in channel .

Complicacy arises when the spectra (such as our as-milled and heat
treated samples spectra) are unresolved and consst of strongly overlapping and
widely distributed hyperfine parameters from elementary component spectra
These kinds of spectra very commonly arise for magnetically disordered or
amorphous systems, where hyperfine parameters change from Fe site-to-site
resulting in the distribution of hyperfine parameters. There are various methods
suggested to obtain relevant information from this kind of unresolved spectra
[9-19].

According to Vincze [16, 17] the basic assumptions to resolve these
overlapped spectra are:

) The distribution of the hyperfine parameter concerned is independent to
the distributions of the other parameters.

i)  The intensity ratios and line widths of the component spectra (also called
elementary spectra) of the distribution are known.

Most commonly the component spectrum is built from Lorentzian peaks
in the thin absorber approximation. But other pesk shapes are dso assumed
occasionaly depending on the gpecific interaction present, eg. when
guadrupole interaction was present as a perturbation to the hyperfine magnetic
field interaction [18]. Price has described an empirica line shape suitable for
fitting awide variety of spectra [20].

The underlying concept to these modd independent methods is to
consider a probability distribution p(x) of the hyperfine parameter (X) such that

oc

) dx =1
J, P o (2.2)

69



and the spectrum can be generated as

oC
Ca)=C - <) F(1, x)dx
@) oC J.op()\) X (2.3)
or in more physical way close to redlity as
Xmax
Ci)=C - F(1, x)d
(1) OC JO p(x) F(1, x)dx (2.2)

Where C, is the background far from resonance and F(i, x) defines the
contribution in channel i of the dementary component which is single line, a
doublet and a sextuple according to the nature of X. If hyperfine magnetic field
interaction (H) is considered then the requirements that without any externa
magnetic field the probability distribution p(H) = p(-H) and that there is an
upper cut-off fieddld H,.x beyond which p(H) goes to zero smoothly [13, 19]
gives (dp(H) / dH)an=0 ad HH max = 0.

With a probability distribution p(H) the spectrum generated at velocity v is
given by

H

S = | p(H) L6 (v, H)dH 25)
0 .

Where

ur

Le (v, H) =% (U/m)[ (T/2) / (( T3/2)"2 + (v- o;H)"2)]
=1
Is the normalized Lorentzian shape function of the lines of elementary spectrum

arising due to hyperfine magnetic fiedd H. T'; are the line widths of the gx lines
of the component spectrum and o;H are their positions.
In his method Window [13] has expanded p(H) in the form of

N
p(H) = X a, f,(H) (2.6)
n =1
where
f,(H) = cos(nmH/Hmax) — cos(nn)
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and N is the total number of elementary spectra giving rise to the hyper
magnetic field distributions. Using equations (2.6) equation (2.5) becomes

S(V)E 2. an Su(V) (2.7)
where "

‘ Hpax

Sn(v) = ,[o fn(H) Lﬁ(v, H) dH 2.8)

is the spectrum created by the term f,(H).If the experimental spectrum at
velocity v is denoted by W(v), then coefficients a, of the field distribution can

be found by minimizing the function

D =2 (S(v) - W(v))2 (2.9)
Vv
by the non linear least square fit method w.rt the parameters a, or other

parameters like 1S, if necessary. But if we assume IS to be independent of the
HMF, then the minimization of equation (2.9) boils down to the solution of N

linear simultaneous equations of the form [19]

N
Y am Xom = 2, W(V) =0 (2.10)
m=1 Y

Where
an = [Z SIH (V) S!l (V)]

Vv

These equations are solved to find the coefficients a,, [13, 19]. The advantage of
the Window method is the possibility of fitting the background of the spectrum,
for this purpose one defines So=l in equation (2.7) and the corresponding ao
represents the background.

In the method of Hesse and Riibartsch [14] the range of hyperfine
parameters in question is divided into N equa intervals AH [12] with Hmax - N
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AH and Hp=h AH and the integral of equation (2.5) is replaced by a discrete

um
N
S(v) = 2 p(Hn)Le(v, Hy) (2.11)
h=0
Which could also be represented as
Sv:Ph Lh, v

considering the fact that spectrum is collected in discrete number of channels.

The probability distribution is obtained using the generalized method of
numerical solutions of integral equations of 1% kind [21-23] adding a smoothing
parameter. The criteria to find the correct smoothing parameter was defined by
the parameter

N N

X = (T[S (v)) = 8n (VDI ¥ (T (number of counts in channel i))  (2.12)
i=1 1=1
Where m is the number of coefficients and idedly X=I, whereas X>1 or X<1

determine smoothing chosen is ether too strong or too weak.

The problem of the above two last methods were:

) Only smooth and broad distributions could be found correctly but large
errors were introduced if sharp peaks were present [table 2 and 3 of 14]

i) Unphysical oscillations with negative values were present in the
distribution due to ill- defined background [figure 1-3 of 14].
In the method of Le Caér and Dubois [which was essentially a

modification of the H-R method] the probability distribution was assumed to be

as a continuous distribution and a discrete term of the form

L

f(x) = p(x) + 2pid(x — x)) (2.13)
1=1

ff(x)dx =i

with

The integral of equation (2.4) was replaced by the discrete sum
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K L

C(i) = Co - 2ou (AX)piFi(i) - 2piFi(i) (2.14)
k=1 1=1
with py = p(xx) and Fu,(1)=F (i, Xp)

Hence unlike H-R method, background is aso included in Le Caer method [18].
The unknown parameters (', px can be determined by the least square
minimization of Sin equation (2.1). It became obvious in their argument that
there must be a step Ax, (AH for H-R) of the h- parameter below which the
problem is improperly posed in the sense that smdl changes (e.g. noise in the
collected spectrum) in the input parameters produce large changes in the
solution, which presents an oscillatory behaviour. For large Ax. overlapping
between the H parameters will be less and it will corresponds to the case of
Vanet [10].

The solutions of equation (2.1) were obtained, smilar to H-R analysis, by
the generalized least square method with smoothening parameters but using
constrained optimization process of numerical analyses [24]. The criteria
(equation 2.12) to determine the smoothing parameter holds good in this case
adso. The advantage gained by Le Caer method over the other methods (H-R,
Window, Bansa) was that we were able to obtain sharp peaks also correctly
apart from broad continuous distribution by choosing proper Ax. and smoothing
parameter (SM) values. The unphysical negative oscillations were removed
from the probability distributions. We were able to generate distribution consists
of only sharp peaks by putting SM=0 hence avoiding over smoothing. The
solutions are much more stable with respect to fluctuations in data by using
proper Ax,, We could fit spectra with line intensity ratios other than 3:2:1

present due to texture effect.

g Mossbauer data analysis procedure adopted by us
Calibration spectra (with ~0.05-0.1M counts/channel) were recorded with
Fe (99.85% pure) foil, enriched SS foil, and Sodium Nitroprusside (SNP with
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chemical formula Nax(CN)sNO-2H,0) button. These spectra were fitted by FFT
method by using the program supplied by Prof. V. Spijkerman of Ranger
Scientific Corporation, USA. The value of the velocity calibration obtained was
in the range of 0.0363-0.0367 mm/sec/channel. The zero velocity channel was
chosen to be the one for which pure natura Fe Isomer Shift (IS) was nearly ~ -
0.106 mm/sec with respect to Fe/Rh (source) matrix. Hence al our 1S values
reported will be with reference to Fe/Rh, if not mentioned otherwise. The
average line width (FWHM) of the Fe lines was found to be 0.276 mm/sec.

All other spectra consisting of superposition of HMFs were fitted by the
method of Le Caér & Dubois with a smoothening parameter value of 20. The
increment in field (AH) chosen was nearly around 55 kOe. The intensity ratio
of the absorption lines used was 1:2:3. A linear relationship between the IS (1)
& HMF (H) is assumed of the form | = aH+b, where a, b are the parameters
optimized to obtain the best fit with minimum x°. In most of our spectra the
value of 'a’ was negative and that of 'b' was positive and typical values of 'a
and 'b' were -0.001 mm/sec/kOe and 0.30 mm/sec respectively. But in the
cases of Fe-Cr, Fe-Mo, and FeCo-W alloys the signs of 'a’ and ‘b’ were needed
to be reversed in order to fit the experimental intensity ratios of the absoiption
lines. This type of correlation is justified because the isomer shift in the
Mossbauer spectrum is directly proportiona to the total S-shell electron density
a the nuclear site whereas the magnetic field is proportiona to the difference
between the spin up and spin down S-shell eection dendity at the nuclear Site.
Changes in HMF arise from a change in the spin up or spin down s electron
density, which also changes the total s electron density and hence the isomer
shift proportionally. This genera systematic between isomer shift and the HMF
works very well in a wide variety of aloy systems [ref 173 of chapter 1].
FWHM of the elemental lines were varied in the range of 0.25-0.35 mm/sec to
obtain minimum . If a well-defined hyperfine field component with specific
IS and QS value arising from a distinct phase is present in the Mossbauer
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spectra it can also be separated out from the broader distribution using the above
method. For instance in the case of DO; order (discussed in the next chapter) in
a dloy system with ~Fe;X stoichiometry (X= non magnetic solute atoms for
which the 2" and higher nn perturbation is negligible in comparison to Inn
perturbation), there are two kinds of Fe atoms, one which is surrounded by 4 Fe
and 4 solute (e.g. Ge) Inn atoms and the other surrounded by 8 Inn Fe atoms
giving rise to HMF values of ~200 and 330 kOe with IS equals to ~0.25 and
0.05 respectively. The QS values for both these field components are zero. A
typical spectrum of this kind arisng in case of Fe-Ge system is shown in figure
2.8. If only a field distribution is fitted to the spectrum (figure 2.8 @) the fits are
not satisfactory because of the large and definite spectra components coming
from the DO3 phase. It was therefore found necessary to introduce two fixed
hyperfine fields, isomer shifts, and FWHM values for these components. These
hyperfine parameters for the well-defined components were aso optimized to
get the minimum y°. A remarkable improvement in the fitting was obtained as
shown in figure 2.8b.

The HMF distributions obtained by this method were fitted to Gaussian
functions [25] peaked at the field positions corresponding to HMFs seen by a Fe
atom with different Inn and 2nn (wherever applicable, eg. FeCo-W and Fe-Mo
alloys) solute configurations [26]. In determining the HMF values
corresponding to different nearest neighbour configurations of Fe atoms we
used the simple additive perturbation model [26-32] according to which the
HMF at a Fe site is given by:

H =Hy + n (AH,) + m (AH;) + kC (2.15)
and the IS is given by

I =1+ n (AL}) + m (Aly) + kC (2.16)
Where 1 and 2 refer to 1% and 2" nearest neighbours, n and m refers to number
of 1% and 2™ nn, AH and Al correspond to the perturbation in the field and

isomer shift over that of unperturbed values Hy and I, (without any solute atoms
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Figure 2.8 Mosshauer spectrum for Fe Ge aloy heet treated at 350 C for 24
hours and fits to spectrum. In (a) only afidd distribution was used to fit the
data whereas in (b) fixed hyperfine fidld components at around 330 kOe and
200 kOe were introduced together with afidd distribution.
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around Fe atoms) due to the presence of solute atoms in the neighbourhood of
Fe atoms, and kC is the average and amost negligible contribution from distant
neighbours. In our analysis we have considered up to first two nearest neighbour
contributions. Figure 2.9 shows the Gaussan fit to the HMF distribution
obtained for the Feo73Ge027 as-milled aloy taken as a representative system.
The Gaussian fit to the fidd distribution arisng from a heat-treated ordered
sample is not shown here, as it is smilar kind but of much smpler type because
the peaks arising from specific Fe environments are well resolved than in
comparison to as-milled adloy where the overlapping between the fields is
strong.
Two important points are to be noted before we proceed further:

1) The approximate average sizes of the powder particles of our as-milled
samples, as determined c.g. in case of Fe;Ge, usng a Wild Photomakroskop
Model M400 optical microscope with a magnification of 320, were found to be
in the range of 0.5 um to 10 urn. This particle sze is large and no
superparamagnetic relaxation effects are expected. Accordingly none of our
Mossbauer spectra indicates the presence of any relaxation effects a room
temperature and the observed field distribution can be attributed to a different
near neighbour configurations of Fe atoms.

2) Our Mossbauer spectra of the as-milled aloys did not show any separate
contribution, which could be attributed to *’Fe atoms residing near or a grain
boundaries. In the case of nanocrystaline Fe [33, 34] as well as in some
concentrated binary Fe aloys [35] separate HMF contributions were observed
for grain boundary atoms, which were about 10-20 kOe less than the in-grain
fiedd. However in al these systems the grain size obtained was of the order of 8
nm or less and it has been observed by Fultz et.a. [35] that the contributions
from grain boundary Fe atoms are insggnificant when the grain size is 10 nm or
more because at this gran size the grain boundary width is negligible in

comparison to the size of the crystaline grains. As the grain sizes were ~10 nm
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for most of our as-milled samples except Fe-Ge and Fe-Mn-Ge systems so we
aso did not observe any separate HMF component arising from grain boundary
Fe atoms. In case of Fe-Ge and Fe-Mn-Ge sysems GB Fe atoms field
component if present would merge with the broad distribution arising due to

random atomic arrangements of the disordered structure.
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Chapter 3

Chemical Order-Disorder Transformations



INTRODUCTION

Order-disorder transformation in binary and ternary alloy systems
is one of the fascinating and extensively studied fields for many years [1-10].
The formations of different ordered phases governed by the thennodynamic
equilibrium conditions and the kinetics of their formation decided by the
atomic diffuson as wel as activation energy barriers have been studied by
various researchers. The ordered phases between two metals are known as
intermetallics. The high temperature properties of the intermetallics, like better
strength, corrosion/oxidation resistance are very promising for their wide
applications [ref 6 of chepter 1]. Frequently the disadvantage of the
intermetallics is their low ductility and fracture toughness at low temperatures.
The method of high energy bal milling to produce aloys is found to be
suitable to overcome these drawbacks by refining the grains to smaller sizes,
introducing atomic disorder in the lattice and in some cases stabilizing higher
symmetry structure than the equilibrium relatively lower symmetry structures
[11, ref 43 of chapter 1]. It has aso been long known that partially ordered
phases are stronger than those wholly disordered or fully ordered (because a a
certain value of the long-range order parameter, L, superdislocations separate
into unlinked singles). It was shown that the microhardness of mechanically
milled NizAl powders exhibited a pronounced sharp maximum corresponding
to L = 0.5 [Ref 65 of chapter 1]. This work suggests that the greater is the
ordering energy; the steeper will be this maximum of strength (or hardness).
Thus, it is of interest to study the mechanical behavior of materials in various
states of partial order. Disordering phenomena of ordered alloys have also been
studied to understand the mechanism of disordering and adso to produce the
disordered material that has a higher ductility/formability than the ordered
dloy. The atomic disorder in an intermetalic can be manifested in three

different ways [12]. Firstly, the two atomic species involved can occupy the



"wrong" sublattices and this is referred to as anti-Site disorder. This introduces
grain into the lattice but maximum upto 3 % [ref 46 of chapter 1]. This type of
disorder was observed in a number of mechanically milled compounds with the
L1, structure, e.g., NisAl, N13Sl, Fe;Ge and those with the B2 structure, eg.,
CoGa and AlRu. Secondly, triple-defects can be generated. In an equiatomic
compound such as CoGa, for example, the trandtion metad Co atoms can
substitute on the Ga lattice, and thisis anti-site disorder. But, the Ga atoms stay
on their own lattices. This leads to the presence of vacancies in the Co lattice to
maintain the stoichiometry. Thus, vacancies on the Co-sublattice in
combination with Co anti-site atoms in a ratio of 221 congtitute the triple
defects. Third, there could aso be redistribution of interstitials wherein the
interstitial atoms in the octahedral gStes are transferred to the tetrahedral sites,
e.g., Mn;Sn,, Fe;Ge,. Alloys can be disordered by irradiation [13, 14], rapid
solidification [ref 22 of chapter 11, or heavy plastic deformation through
MM/MA [15]. Large amounts of plastic deformation result in the generation of
a variety of defect structures (didocations, vacancies, stacking faults, gran
boundaries, etc.) and these destabilize the ordered nature of the lattice leading
to the formation of a disordered (crystaline) or amorphous phase. If the
enthalpy of ordering is high then in some cases dloys tend to become
amorphous after they are chemicaly disordered [ref 56, 57 of chapter 1, 16,
17]. In some cases such as Al based trandtion meta aloys [18-25] and
different brass compositions [26, 27] ordered aloys were produced by MA. It
may aso be mentioned in passing that dl order states (L = 0 to 1) cannot be
accessed by traditional methods of disordering. For example, in equilibrium,
the order parameter for Cu;Au jumps discontinuously from 0.8 to zero at the
critical ordering temperature. But, mechanica milling can be used to obtain
different degrees of order so that the effect of order parameter on structure and
mechanical properties of aloys can be investigated. Ermakov et d. reported the
fird observation of disordering of an ordered compound ZnFe;Os by MM in



1982 [28]. Disordering of Fe;S1 by mechanica grinding was reported later [29,
30]. It has been noted that upon milling, the long-range order parameter (L) in
the intermetallic is gradualy reduced and, in many cases, the material may
become totally disordered (L = 0), eg., Ni;Al [31, ref 65 of chapter 1]- thisisa
permanently L1, ordered intermetalic and sustain it's order structure under
other commonly used disordering process but under severe plastic deformation
disordering of the alloy takes place within a milling time of 8 hours. In other
cases, L isreduced with milling time but does not reech L = 0, i.e., partial order
and partial disorder co-exist, e.8., CuTi [32] and AlRu [ref 64 of chapter 1]. In
other cases, the L value does not decrease a@ dl and ismaintained at L = 1; but,
with continued milling the materiad becomes amorphous, eg,, CoZr [ref 60 of
chapter 1].

Among the various techniques (eg. powder X-ray diffraction,
measurement of superconducting trandtion temperature, specific heats,
magnetic  susceptibility, determining coefficient of thermal expansion,
differential  scanning caorimetry, etc) used to sSudy the order-disorder
transformations, Mossbauer spectroscopic technique is very powerful (as we
will see shortly) to determine the short-range order (SRO) parameter with high
accuracy.

There have aso been severa studies on reordering of disordered phases
[33-36]. For the nanocrystaline disordered aloys we need to consider grain
growth also apart from ordering. It was reported that on heating the milled
powder in a differentia scanning calorimeter (DSC), two distinct exothermic
peaks were observed. The transformations that occurred were irreversible. The
low-temperature low-intensity peek is atributed to the re-establishment of
short-range order. This was confirmed by the results obtained from electron
energy loss fine structure studies. The absence of such a peak during reheating
of mechanically milled elemental powders adso indirectly confirms this

hypothesis since chemical reordering cannot occur in pure metal powders. The



second major peak is associated with the smultaneous evolution of ordering
and grain growth. The apparent activation energy for the transformation is
found to be lower than expected during ordering of a conventional aloy. The
explanation could be that the high density of point defects such as vacancies
and anti-site defects, generated during milling, assst the diffusive processes
and help in achieving reordering easly.

Most of the mechanically milled disordered intermetallics exhibit these
two peaks in their DSC plots, with the difference that the actual temperatures
and peak shapes and heights could be different depending on the nature and
composition of the aloy and milling time. In ternary intermetallics, however, a
third low intensity peak, often overlapping the second mgor peak, is observed.
Although a clear explanation is not available for this it is thought that this
could be due to annedling out of didocations, usualy not mobile at
temperatures as low as those of the first two pesks.

In this chapter we will discuss the tempord evolution of SRO
parameter in various Fe based binary and quas and pseudo binary
nanocrystalline aloys from an initial disordered state. The so-called “kinetic
path' (the path spanned in the space of two order parameters) approach will be
discussed and used. The grain growth behavior in these aloys will aso be
discussed. An attempt will be made to correlate ordering, microstructure
formation and grain growth behaviours. In section 31 binary Fe-Al, Fe-Ge
aloy systems will be discussed, in section 3.2 pseudo binary Fe-Mn-Ge dloy
system and in section 3.3 quas binary Fe-Co-X (X = Mo, Ge, W) systems will
be discussed.

3.1 Binary systems

The Fe;X (X= Al, S, Ge) dloy sysems have been intensively
investigated for their ordering behavior both in the microcrystalline [37, ref 27



of chapter 2, 38] and nanocrystaline states [39, ref 173 of chapter 1]. The
various ordered dsructures for bee aloys of A;B stoichiometry have been
enumerated and analyzed by Cahn and his group [40]. Depending on chemical
compositions and signs and strengths of the first and second nearest neighbour
(Inn and 2nn) interactions there are three possible ordered structures (figure
3.1). These structures can be understood by considering a unit cell of lattice
parameter twice than that of the origina bcc unit cell. The A and B atoms can
then occupy four possible interpenetrating fcc sublattices a, B, y, and 5 (figure
3.2) in different ways to form these ordered bcc structures which are
designated as B32, B2, and DO; The disordered bce phase is labeled as A2.

If we consider for example Fe;Al system then in the B32 structure the
adjacent a and y Sites are occupied by Fe atoms exclusvely and the B and 5
gtes are randomly occupied by 50% Fe and 50% Al atoms. For DOs order Fe
atoms occupy the three sublattices (p, y and 8) whereas Al atoms occupy the
fourth one (a). In case of B2 order two non-adjacent sublattices a and p are
occupied by Fe atoms only whereas the other two y and & are randomly
occupied by 50% Fe and 50% Al atoms. These arrangements are shown in
figure 3.3. We can adso caculate the probability distributions of solute atom
(Al) occupancy in the 1% nearest neighbour (1nn) shel of solvent atoms (Fe)
for different ordered phases and aso of the disordered phase in the following
manner.

In the A2 structure the random distribution of the atoms over the lattice
Sites gives rise to abinomial distribution:

PA2(X) = *Cy (0.25)* (1- 0.25)"™* (3.1)
wherex =0, 1, 2, ..., 8 are the number of Inn Al atoms surrounding agiven Fe
Ste.

For the B32 ordered structure, the Al atoms are distributed randomly on
four sites, instead of dl 8 dtes, in the 1nn shdl of Fe. The other 4 sites are



Figure 3.1 Ground states for bee binary aloys of the AsB stoichiometry and
with different 1nn and 2nn interatomic interactions, V1 and V2

respectively.
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Figure 3.2 Four sublattice modd for bce lattice. A bece lattice is divided into
four interpenetrating fcc sublattices. The arrows indicate the

nearest neighbor relations between pairs of sublattices.
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occupied by other Fe atoms, so the probability distribution for B32 order is still
a binomial distribution but involving only 4 stes of the form:
Pex (x) =*C, (0.5)° (1-0.5)** x =0, 1,..,4 (3.2)
In the B2 structure, one third of the Fe atoms (e.g. y Site) are surrounded
by 8 Fe atoms and two third of the Fe atoms (e.g. a and (3 sites) are surrounded
by four Fe atoms and four Al atoms distributed randomly giving rise to the
distribution:
Pr (X) = %(Cy (0.5)°(0.5)*®)+ % 5(0), x=0, 1,.., 8. (3.3)
Finally the DO3 order is characterized by the presence of two distinct
near neighbour environments of Fe. One (e.g. Fe atoms a y dSite), which is
surrounded by 8 Fe atoms, and the other (e.g. Fe atoms a a and (3 sites), which
Is surrounded by 4 Fe and 4 Al atoms. The distribution is
Ppoz =7 8(4) + 5 5(0) 34
The three non-equilibrium dtes in the DO; ordered structure are labeled as
4(a), 4(b), and 8(c) in Wyckoff notation [41]. Ge atoms occupy the 4(a) sites
whereas Fe atoms occupy the 4(b) and 8(c) sites. The 4(b) sites have 8 Fe near
neighbours whereas the 8(c) sites have 4 Fe and 4 Ge near neighbours. This
gives rise to two distinct HMFs for the Fe atom: around 330 kOe for Fe atoms
a 4(b) sites having 8 Fe Inn and around 200 kOe for Fe atom at 8(c) Sites
having 4 Fe and 4 Ge 1nn [42]. There are twice as many 8(c) sites as 4(b) sites
giving rise to intensity of 200 kOe fidd to be double of the intensity of the 330
kOe field.
The probability distribution of Al atoms in the first nearest neighbour (Inn)
shdl of Fe for these structures is shown in figure 3.4. There is a distinct
probability distribution for each of these ordered structures and the presence of
these structures can be unambiguoudy observed using a technique such as Fe-
57 Mossbauer spectroscopy, which is senditive to the local environment around
the Fe atom.
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3.1.1 Fe-Al system

a Introduction

The Fe-Al dloy sysem near Fe;Al stoichiometry shows very interesting
order-disorder phase transformation behavior. The phase diagram of the Fe-Al
aloy system is shown in figure 3.5 [43]. Near Fe;Al stoichiometry it shows the
disordered A2 phase (o) at temperature above 800°C, B2 ordered phase (o)
between 800° and 530° C and the DO; ordered phase (Fe;Al) below 530° C.
There were several studies of ordering kinetics in the Fe;Al system near the
B2—DO; critica ordering temperature [44, 40, 45-48]. X-ray diffraction
studies of the B2—»DO; phase transformation showed the DO; long-range
order parameter in agreement with Bragg-Willams theory [46]. The
transformation was observed to proceed by nucleation and growth process with
third degree order reaction kinetics. The tempora growth of DO3 domains size
(E) was found similar to the growth of grains in metals in the fome = k t "

with n = 0.3 and k = a constant.

In another st of measurements [37] the growth of DO3 order was
studied in aloys formed by piston-anvil quenching technique to retain the
disordered A2 phase. In this case the alloys, hesat treated a 300° C to develop
DO; order, showed the transient formation of B32 order during the early stages
of ordering when the DO; ordered domains were small. After long time
annealing the equilibrium DO3 order developed. This was interesting because
neither there is any B32 ordered region in the equilibrium phase diagram nor it
was expected from the work of Richard and Cahn or Allen and Cahn [40]
assuming predominating Inn interaction over 2nn favouring alloying with
unlike atom pairs (e.g. B2 or DO; order) preferred over like atom pairs (e.g.
B32 order). This observation was interpreted as a kinetic effect dependent on
the initial state of the as-milled aloys. The evolution of long-range order

parameter (LRO) in Fe;Al was studied at different temperatures and it was
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found that the LRO parameters for DO; order and B2 order developed at
different rates depending on the temperature [49]. This was interpreted with the
help of theoretical modd calculations using the kinetic master equation in the
point as well as the pair gpproximation formaism [49] and by Monte Carlo
simulations [50]. Theoreticd caculations for short-range order (SRO)
parameter also showed transient B32 phase formation in agreement with the
above experiments [49]. There was another report of observing B32 order in
Fe-20 a. % Al, [51] but the heat treatment of the sample was not well
controlled.

In the present work we study the ordering transformation behaviour of
nanocrystalline Fe-Al dloys prepared by mechanicad alloying in an initial
disordered bcc dtate far from thennodynamic equilibrium. 1t is shown that the
presence of small grain sizes and large grain boundary regions has a significant
influence on order-disorder phase transformation. We find that in the
nanophase Fe-Al aloys the development of ordered structures as well as the
ordering Kkinetics ae different as compared to the coarse grained

microcrystalline aloys.

b Experimental

FeiAly (x=0.31 and 0.27) aloys were prepared by direct
mechanical aloying of the dementd Fe (99.99 % + purity, fine gray powder
from Aldrich-Sigma chemicals) and Al (Aluminum shot, 3.2 mm m3N5 from
Ventron-Alfa division) metal powders. Fe contamination from the vid and the
balls was found to be 2-3 atomic % from the chemica analysis of the as-milled
aloy which gave rise to find composition of the as-milled aloys as Feg72Alo 28
and Fe;Al. The as-milled aloys were subjected to ordering heat treatments at
300° C and 450° C for various periods of times ranging from few tens to few

hundred of hours. Powder XRD and Mossbauer spectroscopic techniques were
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used to study the grain growth and order disorder phase transformation
behavior of the alloy.

¢ Results and Discussion

Figure 3.6 shows the X-ray diffraction pattern of the as-milled
FesAl alloy. The X-ray spectrum shows the formation of single disordered bcc
phase (A2) aloy. The average gran size edtimated from the line width of the
fundamental (110) line was about 10 nm. Similar results were obtained from
the X-ray study of Fepn2Alo2s aloy. The Mosshauer spectra of the as-milled
alloys are shown in figures 3.7 and 3.8 respectively for the 25 and 28 at. % Al
alloys. These spectra are in excellent agreement with disordered Fe-Al aloys
prepared by piston-anvil quenching [37]. The HMF distributions of the as-
milled alloys as shown in figures 3.9-3.12 are dso in good agreement with
earlier reported results.

The HMF seen by Fe in Fe-X alloys was analyzed [ref 28 of chapter 2]
in terms of the number of firsd and second neighbour solute atoms (X). The
effect of the more distant neighbours was taken in terms of an average
concentration dependence of dl the fidds. Ignoring the effect of second
neighbours, which are very smdl in the Fe-Al system, the fields a Fe were
found to be mainly dependent on the number of first neighbour Al atoms. The
estimated fields for Fe atoms with different number of Al first neighbours are
shown in figure 3.9.

The observed HMF distribution was fitted to a set of Gaussian functions
centered at the field positions corresponding to different Al first neighbours
configurations. The intensities of these Gaussian peaks corresponded very well
to the probabilities of occurrence of these configurations as calculated using
binomial distributions. This unambiguously shows that the initia state of the
as-milled aloys is atomicaly disordered and the HMF assignments to different
number of Al first nearest neighbour (1nn) arejustified.
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Figure 3.7: Representative Mossbauer spectra for the as-milled and heat treated
Fe Al aloys and fits to data using model independent field distribution analysis
(solid symbols: data, solid lines:fits).
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The evolution of short-range order in the system is reflected in the
change in intensities of the various peaks in the HMF distributions. Figures 3.9
to 3.12 show the evolution of the peaks of the as-milled aloys heat treated at
300° and 450° C for different periods of time. At 300° C the Fe;Al composition

alloy shows a rapid increase in intensities of the 0 and 4 Al neighbour peaks

r

and a decrease in the intensities of 2 and 3 Al neighbour peaks (figure 3.13).
As seen from figure 3.4 the 0 and 4 Al peaks correspond to the growth of DO,
ordered phase. The probability of 2 and 3 Al neighbour configurations is high
for B32 order and we see from the evolution of the intensities of these peaks
that they saturate to a substantialy high value after the initiad fast decrease. For
DO; order these intensities should be idedly zero. These observations show
that there is a rapid growth of DO; order from the A2 matrix in the initial
stages followed by the stabilization of B32 phase along with the DO5 phase.
However as seen from figure 3.4 the probability distributions for the disordered
A2 and the B32 ordered phases are similar. To confirm the presence of B32
order, we plotted the kinetic path followed by the system in the space spanned
by two order parameters [37]. Figure 3.14 shows such a plot wherein the
intensity of the O Al Inn peak is plotted againgt the intensity of the 4 Al 1nn
peak. Also shown in the figure, are the cdculated kinetic paths for DO; order
alone, for (50% DO; + 50% B32) order and for (50% DO; + 50% B2) order
assuming that the growth of a region of ordered structure occurs at the expense

of the disordered A2 structure. The slope of these paths is given by
m = Ap(0) / Ap(4) (3.5)

where Ap(j) is the change in the probability of Fe atoms withj Al atomsin their
Inn shell, w.r.t the probability in the disordered structure:

Ap(j) = fos[ppos() - Pa2()] + fa2[pe20) - PA20)] +1B32[Pr32G) - Pa2()]
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where fpos, fp2, and fgi; are the fractions of the three ordered structures that

grow from the disordered A2 structure, and

fpos + fpa + fpaz + far =1 (3.7)

because ppo3(j), pr2(i)s Pr32(i), and Paz(j) are constants, the slope of the kinetic
path depends only on the fractions (f) of these structures.

As seen from figure 3.14 there is a growth of DO3 order initialy
followed by an admixture of both DO; and B32 ordered phases. Essentidly a
similar behaviour is observed for the Fe;Alys dloy heat treated at 300° C
(figure 3.15) and for both the aloys heat treated at 450° C (figures 3.16 and
3.17) except that the O Al peak is not resolved from the 1 Al peak. It was not
possible to make a plot of the kinetic path smilar to the one shown in figure
3.14, in these cases, as the intensity of the O Al peak is very small and large
errors are observed in the fits to the fidd distributions using Gaussian peaks a
the field value corresponding to the O Al configuration. This can aso be
attributed to the presence of more B32 ordered phase, which results in larger
intensity of 1 Al Inn peak as compared to O Al Inn pesk.

A comparison of the behaviour of nanocrystaline Fe-Al aloys with that
of coarse-grained Fe-Al aloys prepared by piston-anvil quenching [37] shows
that for the nano- grained aloy there is no transent B32 phase formation but a
rapid growth of DO3 order directly. This can be attributed to the fast diffusion
paths provided by the grain boundary regions. The growth of DO3 ordered
regions could however extend only up to the size of the nanocrystalline grains.
Davies [52] also observed that in fine-grained cold rolled Fe-Al alloysthe DO3
domains stopped growing beyond the gran sze of 15 nm. In our
nanocrystalline alloys the grain growth as shown in figures 3.18 and 3.19 is
very small and saturates to a maximum size of about 15 nm. This aso explains

the presence of substantial B32 order in later stages of the transformation. The
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B32 ordered regions are possible to arise in the anti-phase domain boundary
(APDB) regions between DO; ordered domains [ref 194 of chapter 1]. This
was also the explanation given for the trandent formation of B32 order
between smal DO; ordered domains (approximately 3 nm) which grew
initially in the coarse grained aloy [37]. In the nanophase aloy the maximum
growth of DO3 domain size is limited by the gran size and the grain boundary
regions also constitutes the B32 ordered APD boundaries for the system.
Figures 3.20 and 3.21 show the kinetic evolution of the short range
order parameter, S(4), defined in terms of the intensities p(4) of the 4 Al 1nn

peaks, as follows:

8(4) == [ pcxpl(4) = pdisord‘(4) ] / [p])( }3(4) & pdisord‘(ﬁl)] (38)

where pexpi(4) is the experimentally observed intensity, puisord (4) is the intensity
for the disordered aloy calculated from the binomia distribution, ppos(4) isthe
intensity for fully ordered alloy. The kinetics of order evolution in an aloy
system can be treated in terms of the model proposed by Khachaturyan [53],
which relates the kinetics of the transformation to the thermodynamics.
According to this model the temporal rate of change of order parameter, r|(t), is
assumed proportional to the sengtivity of the Gibbs free energy change w.r.t
the order parameter:

dn(r) _ L dG(n)
dt kT dn

(3.9)

where L is a mobility factor which depends on the kinetic mechanism of

ordering. Expanding G(r|) in a Taylor series about equilibrium, n = neq, and

d(s
retaining only terms up to second order derivative of G ("(;;- =0 atn =1ne,) One

gets
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dn(r)

=-A(n-n,)
where (3.10)
A — _[_J__ ﬁ)
kT dn® 1= )]cq

The solution of this equation is
N(t) = (Mo - Neq) EXP(-At) + Mg (3.11)
where 1o isthe order parameter at timet =0

The fits to the §(4) data using this equation (with n = §(4)) are dso
shown in figures 3.20 and 3.21. The parameters obtained from the fits are
shown in Table 1. As seen from the table the ordering relaxation time (1/A) is
sndl a higher temperature as expected. The equilibrium order parameter
reached is seen to be less than unity. This dso reflects the presence of residua
B32 order as mentioned earlier. Another important point to note is that in
polycrystalline coarse grained aloys the B2—DO; transformation was found to
proceed as a third order reaction [46] whereas our equation to describe the
order evolution corresponds to a first order reaction. This indicates that the
ordering mechanism in the nanocrystalline dloys is different from the coarse
grained aloys due to the presence of extensve gran boundary regions. As
observed in our measurements on kinetics of ordering in nanophase FeCo-X
alloys [in section 3.3] the gran boundary regions provide short circuited
diffuson paths which give rise to faser diffuson relative to coarse grained
© systems,

The kinetics of grain growth as shown in figures 3.18 and 3.19 also do
not follow a conventional curvature driven grain growth mechanism as
observed for bulk systems. Interestingly the grain growth behavior in our
system could also be fitted to equation (3.11) with n replaced by average grain
size. This is not totally unexpected because the mechanism of grain growth as

well as atomic ordering may be the same viz. diffuson through grain



boundaries. Such correlation between grain growth and chemical ordering was
adso observed in nanocrystalline Fe; (Mn,S1 aloys [54] where the chemical
ordering was seen to influence the grain growth behavior significantly. It was
observed in these aloy systems that the atomic order proceeded very rapidly

and this resulted in impeding of grain growth and once atomic ordering took

Table 1

Values of different order parameters and relaxation times obtained by
fitting the S(4) data of figures 3.20 and 3.21 to Eq. (3.11).

Order parameter, Equilibrium Ordering
Alloy S(4), order parameter, | relaxation time
Stoichiometry Temperature atimet=o0 S(4), attained (1/4)

(h)
FesAl 300°C 0.0 042 56
450° C 0.0 0.28 4.5
Feo.72Al0.28 300° C 0.02 0.68 27
450° C 0.02 0.72 12

place there was no further growth of grains.

It is relevant to mention here that we have assumed a fixed mobility
factor (L) in Eqg. (3.9), instead of a time varying L due to change in vacancy
and defect concentration during annedling, i.e. a linear response theory, to
analyze the temporal evolution of S(4) and gran growth. We fed this
assumption is justified because in these nanocrystalline systems the atomic
diffuson is taking place through grain boundary regions occupying a large
volume fraction as compared to the coarse-grained materials. This gran
boundary diffusion givesrise to large L and therefore the change in L with time

due to change in concentration of defects and vacancies with annealing time is
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expected to be only a small perturbation and hence this assumption of constant
mobility factor is valid.

In conclusion we observed that the nanophase nature of the Fe; Al alloys
influenced the atomic order evolution as wel as the kinetics of the ordering
process very significantly. The observed behaviour was attributed to the nano
size of the grains and the grain boundary regions in these nanocrystalline alloy

systems.

3.1.2 Fe-Ge System

a Introduction

The disorder-order phase transformation in Fe-Ge dloy system is also
equally interesting similar to Fe-Al syssem. The phase diagram of Fe-Ge dloy
system is shown in figure 3.22 [43]. There are various phases present with
different Ge concentrations and temperature ranges. At low temperatures (up to
400°C), the equilibrium phase for Fe;Ge compodtion is a two-phase mixture
(o + B); while at higher temperatures it assumes an ordered closed-packed
structure (fcc a temperatures below 700°C, and hcp a temperatures above
700°C). Because of these diverse phase sructures, Fe-Ge system was of
interest for various phase transformation studies [55-61, ref 171 of chp 1]. The
large regions of DO; order a low Ge concentrations (~10-20 at.%), and the
high critica temperature for the DO3 ordered structure (up to the melting
point), imply that there is a strong tendency of ordering for this alloy. In fact
this aspect of Fe-Ge phase diagram in comparison to that of Fe-Al (figure 3.5)
implies that the interatomic interactions favouring order in FesGe are stronger
than in Fe;Al. In this section we will discuss the ordering transformations in
this system in the nanocrystalline state below 400°C. In chapter 6 the massive
structural  transformation from disordered bcc — ordered fcc (L1,) phase at
temperatures above 400°C will be discussed.
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b Experimental

Fe,.xGe, aloys in the composition range 0.17 < x < 0.39 were prepared
by mechanical alloying of ementd Fe and Ge powders of 99.99%+ purity
(Aldrich-Sigma Chemicals). The Fe contamination due to ball milling was
typically about 1 to 2 atomic percent as determined by EDAX and chemical

composition analysis.

¢ Results and Discussion

Figures 3.23 and 3.24 show the X-Ray diffraction patterns for the as-
milled alloys with compositions close to Fe;Ge, and Fegs3Geg 17 respectively.
All the lines are indexed to disordered bce (A2) phase. The average grain size
obtained for the samples near Fe;Ge stoichiometry was approximately 6.0 nm,
The grain size of the as milled Feg33Gey ;; was found to be approximately 8.3
nm. The Mossbauer spectra of the above asmilled samples are shown in figure
3.25 and the corresponding probability distributions are shown in LHS of
figure 3.26; the calculated probability distributions using equation 3.1 is shown
in the RHS of figure 3.26. Very good agreement between these experimental
and calculated probability distributions confirms the formation of the as-milled
alloys in the A2 phase, which is aso supported by the XRD results. The fied
distributions were in good agreement with those of disordered Fe;Al prepared
by piston and anvil quenching [37], disordered Fe;Si prepared by milling of Fe
and S [ref 26 of chp 2] and for Fe-22 At. % Ge deposited on quartz substrate
by ion beam sputtering [ref 26 of chp 2]. The formation of only disordered bcc
() phase in the as milled aloys for x=0.17 and ~0.25 composition, in spite of
the fact that at these compositions either pure DO; or DO; + B81 phases should
stabilize according to the phase diagram, therefore implies that ball milling
inhibits the formation of hexagonal () phase and favours only the

development of the bcc structure with anti-site disorder [ref 6 of chp 1]. The
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Figure 3.23: Representative X-ray diffraction patterns of the as-milled and
heat treated samples with ~Fe,Ge composition.
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of the dloy in a phase and the ordering to DO, order upon heat treatment is evident
from the patterns. The presence of superlattice lines are seen (shown seperately

in the inset). Growth of bcc grainsis indicated by the decrease of FWHM of the lines.
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observed increase in lattice constant by 0.2-0.4 % on disordering indicates that
anti-site disordering is taking place.

The samples were subjected to heat trestments at 350° C, 375° C and
390° C for periods of time ranging from few hours to few hundreds of hours to
see the formation of the equilibrium phases as expected from the phase
diagram [figure 3.22]. Fegs:Geo 1, aloy was dso hest treated a 550°C to see
the evolution of DO; ordered phase. Representative XRD patterns from the
heat-treated samples are shown in figures 23 and 24. Evolution of only ordered
bce phase is indicated in the XRD patterns. Typical Mossbauer spectrum is
shown in figure 2.8. LHS of figure 3.27 and figure 3.28 show the probability
distributions evaluated from the Mossbauer spectra of heat treated Fey 3Geo 17
and ~Fe;Ge aloys. The probability distributions of the as-milled samples are
dso shown once again for comparison. The Fe,y3Geg; sample is off-
stoichiometry as fa as pefect DO; order (idedly in Fe;Ge composition)
evolution is concerned; some of the 4(a) dtes are dso occupied randomly by

Fe atoms, therefore giving rise to a distribution of the form
Pso(4.n,x) ="Cy(x)"(1-x)*",n =0, 1, 2, 3, 4 (3.12)

for the 8(c) dtes Fe atoms with a multiplicity factor of 2 / 3.32. In this
distribution 4 is the number of 4(d) Inn Stes of an 8(c) Ste Fe atom, n is the
number of Ge atoms subgtituting this site in an aloy with Ge concentration x.
4(b) site Fe atoms have dl Fe (8(c) Stes) Inn giving rise to 8(0) distribution
with a multiplicity factor of 1 / 3.32. This distribution is shown in RHS of
figure 3.27. The good agreement between the experimental and calculated
probabilities (figure 3.27) of different HMF values arisng from various Inn
configuration of Fe atoms show the evolution of only DO order in the system.
The evolution of DO; order is dso shown in the XRD pattern (inset of figure
3.24) vy the presence of (2'%2) and (100) lines in nearly 2:1 ratio. In case of
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Figure 3.28: Evolution of DO, order in Fe,Ge hest treated at 350°C as
seen by the development of peaks in HMF distributions at ~ 205 kOe
and 330 kOe corresponding to the 8(c) and 4(b) Fe sites, respectively.



~Fe;Ge alloys the evolution of fields at 330 and 205 kOe (figure 3.28) in the
ratio 1.2 indicate the growth of only DO3 order in the system supported also by
XRX) results. No signature of the B phase was observed athough it was
expected. These observations are in good agreement with the work of Gao [37,
ref 24 of chapter 1]. The grain szes of the Feo33Gey 17 heat-treated alloys were
estimated to be approximately 18 and 75 nm respectively at 385 and 550°C.
The SRO parameter evolution was ~97% and 99% respectively at these two
temperatures. In case of ~Fe;Ge dloys the grain growth and S(4) evolution was
up to around 25 nm and 75% below 400°C. The tempora evolution of grain
sze and S(4) near Fe;Ge stoichiometry will be shown in the next section and
compared with the behavior in cae of FeMn-Ge dloys. Similar to Fe-Al
system in this system adso a fird order evolution kinetics was observed.
However there was no intermediate or permanent B2 or B32 order phases
developed in this system as was seen in case of Fe-Al aloys, most probably
because of much stronger ordering interactions in this system due to which
DOs order is stabilized in the boundary regions aso.

B phase (B81 (hcp) dructure) region in the Fe-Ge phase diagram is
characterized by two different Fe atoms tetrahedrally and octahedrally bonded
with the Ge atoms [figure 6 of reference 61]. The populations of tetra and
octahedrally bonded Fe atoms arein 1:2 ratio. Tetrahedra Fe sites having 4 Ge
Inn give rise to HMF around 200 kOe and octahedra sites surrounded by 6
Inn Ge atoms give rise to HMF at around 120 kOe in the Mossbauer p(H)
distributions ideally with the intengity ratios of these two fields as 1.2. To
check the ordering process in the B phase, an dloy with starting composition of
Feos1Geoso in the B phase region of the phase diagram was synthesized by
milling of elemental powders. The compostion &fter milling became
Feos2Geoss. Figures 3.29 and 3.30 show the XRD and Mossbauer spectrum
along with field probability distribution of the as-milled sample. The as-milled
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Figure 3.29: XRD patterns showing the formation of the disordered p phase
Fe Ge compostion dloy in the asmilled state. The evolution of ordered
p phase is seen after heat treatment.
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Figure 3.30: Mosshauer spectraand HMF distributions for Fe ,Ge, . aloy

composition (p phase) in as milled sate and after heat treatment at 350 C
for 7 days.The evolution of atomic ordering giving rise to Fe atoms with
specific Ge Inn configurations instead of a random configurations of the
as-milled alloy is evident from the spectrum as well as fidd distribution.
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alloy was formed in the nanocrystaline (grain size ~5.5 nm) disordered B81
phase giving rise to only one broad peak at around 45° (29) and broad peaks
(indicating distribution of Ge atoms around Fe) a8 HMF vaues of nearly 200
and 120 kOe but not in the ratio of 1:2. The as-milled sample was heat treated
at 350° C for 1, 3, and 7 days to see the evolution of the equilibrium B phase.
The XRD pattern and Mossbauer spectrum with fied distribution for the 7 days
heat-treated sample is also shown in figures 3.29 and 3.30. The presence of two
distinct peaks in the XRD pattern at 44.68 and 45.40 (20-values) indicates the
ordering process and grain growth, which is taking place in the system. The
lattice constants values of a = 3.995 and ¢ = 5.007 A are in good agreement
with the literature data [JCPDS- International Center for Diffraction Data, PDF
Numbers 18-0556, 72-1472, and 35-1183, 1999, available for this alloy. The
grain size obtained was 14 nm. The peaks in the HMF distribution of the heat-
treated sample (figure 3.30) correspond to octahedra and tetrahedral Fe sites
with 2:1 ratio. The area of the 120-kOe field peak is a good representation of
the SRO in the system. The tempora evolution of this peak area is shown in
figure 3.31 with the solid line representing a first order ordering reaction
kinetics according to equation 3.11. This study therefore constitutes an

example of an aloy that can be disordered only by mechanical milling.

3.2 Pseudo Binary System (Fe-Mn-Ge)
a Introduction

Ternary solute additions to the binary systems have been used to
improve the high temperature strength and seyerad studies have been made to
observe the site substitution behavior. Neutron diffraction studies on Fes.
Mn,Si [62] aloy system reveded the preferentia 4(b) site substitution of Mn
atoms in the DO3 structure. Later it has been observed from spin echo NMR
[63], Mossbauer Spectroscopic [42] and X-Ray diffraction studies [41] of the
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microcrystalline alloys that solutes to the left of Fe in the periodic table (e.g.
Ti, Mn, W, Nb, and Mo) occupy preferentialy the 4(b) sites whereas solutes to
the right of Fe (e.g. Co and Ni) occupy 8(c) stesin the DO3 ordered structure.
However for the nanocrystaline Fe;xMn,Si system it was found that an
ordering heat treatment to develop DO; order leads to a segregation of Mn
atoms in the grain boundaries and smultaneoudy the growth of DO; grains is
suppressed [54].

In this work we studied the effect of Mn addition to the binary Fe;Ge
alloys to understand the site substitution and chemica ordering behavior in the
nanocrystalline state. It was observed that in nanocrystalline Fe;..Mn,Ge alloy
systems for 0.0 < x < 0.75 compositions the Mn atoms get homogeneously
alloyed in the as-milled state but do not substitute in the equilibrium DO3 phase
which forms when the as-milled aloys are heat treated.

b Experimental

Fe;..Mn,Ge aloys (0 < x < 0.75) were prepared by mechanical aloying
of elemental Fe (Aldrich Sigma 4N), Ge (Aldrich Sigma 4N) and Mn (Alpha
Ventron m3N7) powders. The Fe contamination estimated was 1-2 at %.

¢ Results and discussion

Figure 3.32 shows the X-ray diffraction data for the as-milled alloy
samples. The presence of predominantly bcc phase lines in the X-ray pattern
shows the formation of homogenous single-phase bcc alloys (a) for al Mn
concentrations. The additional very low intensity Bragg peaks present in the as-
milled patterns were indexed to trace amount of Iron Manganese Oxide phase
[JCPDS- International Center for Diffraction Data, PDF Number 77-2362,



1999]. The average grain Szes obtaned for the asmilled alloys were
approximately 6 nm.

Figure 3.33 shows the Mossbauer Spectra of the as-milled alloys with
different Mn concentrations. The corresponding Hyperfme Magnetic Field
(HMF) distributions obtained by Le Caer andysis are shown in the left hand
side of figure 3.34. In fitting the HMF distributions using Gaussian functions it
was considered that the 1nn HMF perturbation caused either by a Ge atom or
by an Mn atom is of equa magnitude of nearly 25 kOe and that caused by the
2nn Ge or Mn atom is negligible in comparison to the Inn [ref 32 of chp 2],
With increase in the concentration (x) in Fe;.Mn,Ge the HMF value
corresponding to the maximum probability in the distribution shifts to lower
values relative to Fe;Ge. The probability distributions of the as-milled alloys
for different near neighbour configurations (with O to 8 Fe Inn of Fe)
correspond very well with the calculated probabilities (shown in right side of
figure 3.34 as bar graph) using the distribution of equation 3.1 with al the
Condtituent atoms subgtituting randomly at the bcc lattice sites. The HMFs
corresponding to different number of Inn solute configurations to Fe atoms
was in accordance with the earlier work of Fultz et. a. [ref 26 of chp 2] based
on the additive perturbation model [ref 28 and 32 of chapter 2]. The good
agreement between the experimentally obtained and theoretically calculated
probability distributions shows that Mn enters substitutionally in the disordered
bcc structure (A2) and forms a homogeneous aloy in the as-milled state, which
Is also supported by the X-ray data. As it was the case for Fe-Ge alloys the Mn
substituted alloys were adso fonned in the disordered bcc a phase although the
equilibrium phase diagram for Fe-Ge (figure 3.22) shows a two-phase region
(DO; + B81) at this composition and temperature.

The samples were heat treated at 350°C for periods of time ranging from
7 to 24 hours to see the development of the equilibrium order. Figure 3.35
shows the representative X-ray patterns for the 350°C heat-treated samples.
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Figure 3.32: X-Ray diffraction patterns for the as-milled samples with
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Figure 3.33: Mossbauer Spectra of the as-milled samples. Scattered points:
experimental data; solid line: fit to the data by Le Caér method.
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Figure 3.34:(LHS) Experimentally obtained HMF distributions from the
Mossbauer spectra of the as-milled adloys. (RHS) Binomial probability
distributions calculated for the as-milled aloy compositions.
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Figure 3.35: X-Ray patterns for the representative 350 C, 24 h heat-treated
samples with different Mn concentrations.



Narrowing of line widths of the bcc phase lines in comparison to the as-milled
patterns shows the grain coarsening and no other lines were present except the
very weak lines due to the oxidation phase. Gran growth behavior of the
350 C heat- treated samples with different Mn concentration are shown in
figure 3.36. Similar grain growth behavior is observed for pure Fe-Ge as well
as different Mn substituted aloys. Representative Mossbauer Spectra and the
corresponding HMF distribution of these hesat-treated samples are shown in
Figures 3.37 and 3.38. The development of DO; ordered phase from the
evolution of two main magnetic hyperfine field peaks (at around 200 kOe and
around 330 kOe) can be seen clearly. The other very less intense peaks in the
P(H) distribution may be arisng from the remaining disorder matrix [ref 27 of
chapter 2 and ref 24 of chapter 1] or it could be attributed to disorder arising
from off-stoichiometry i.e. the deviation from perfect DO; order, which is
possible only for Fey 75Geg,s composition.

The superlattice peaks (2 V2 2 and 100)in the X-Ray patterns at around
26.5 and 31° 26 values arising form the DO3 order are observed to be very
weak and broad (figure 3.35). This may be due to the small sze of the ordered
domains.

If Mn atoms randomly substitute [64- 54] for Fe in the 4(b) stes of the
DOjs structure then the 1nn environment of Fe atoms in the 4(b) Sites remains
unchanged (because these consst of Fe atoms a 8(c) sites) but the Inn
environment of 8(c) ste Fe atoms will have a distribution of the form of
equation 3.12, (i.e. Ps.(4,n,x) = *C,(x)"( 1-x)*",0 < n < 4), but in this case 4 is
the number of 4(b) sites of an 8(c) dte Fe atom, n is the number of Mn atoms
substituting this site in an aloy with Mn concentration x. The weight factor to
be multiplied to this distribution to get the probability of a particular Fe
configuration is 2 / (3-x). The Inn of the 4(b) sites are §(c) site Fe atoms and
this needs to be multiplied by a factor of (I-x)/(3-x) to get the desired
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probability. The calculated probability distribution expected by considering the
above argument is shown in the LHS of figure 3.39.

It was argued in case of microcrystaline aloys that Mn atoms substitute
into 8(c) sites once al 4(b) stes are occupied in Mn rich alloys [63, 65]. In
case of nanocrystalline aloys if Mn atoms randomly substitutes Fe in the 8(c)
gites of the DO; structure then the Inn environment of Fe atoms in the 8(c)
sites remains unchanged (these are 4(b) Fe dites), but the Inn environment of
4(b) Fe atoms will have a distribution of the form

Pu(8,10,%/2) =*Co(x/2)"(1-x/2)*", 0< n<8 (3.13)

where 8 is the number of 8(c) Inn Stes of an 4(b) ste Fe atom, n is the
number of Mn atoms subgtituting this site in an aloy with Mn concentration x.
The weight factor to be multiplied with this distribution is 1 / (3-x) and that to
be multiplied with the distribution of the 8(c) ste is (3-x-1)/(3-x). The
calculated probabilities arisng from this kind of site substitution is shown in
the RHS of figure 3.39.

The complete mismaich between our experimenta probability
distribution (figure 3.38) and the probability distributions of figure 3.39 gives
clear indication that Mn atoms are not subgtituting any of the DO; ordered sites
in contrast to the behavior observed in microcrystaline aloys. Th ere is no
indication of Mn rich Fe or Mn rich Ge phases in the Mossbauer spectra or X-
ray patterns. This shows that Mn atoms may be clustering within the bcc grains
or segregating to the grain boundary (GB) regions. Out of these two
possibilities segregation is more likely because of the existence of high
diffusivity paths in grain boundaries.

The observed isomer shift vaues relative to Fe/Rh of 0.24 mm/sec for
8(c) dites Fe atoms and 0.05 mm/sec for 4(b) sites Fe atoms of the DO3
structure for the Mn substituted aloys are dso equa to those for the x = 0.0
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aloy and match very wel with the previoudy reported values of Fep79Geo.21
aloy system [59]. The ratio of Gaussian areas of Mn substituted alloys for the
8(c) site field and 4(b) ste field in the DO; sructure is close to 2:1, which is
expected only for a pure stoichiometric aloy of Fe;Ge composition. This once
again indicates segregation of Mn atoms away from Fe neighborhood. Another
evidence of Mn segregation is the comparison of the Isomer shift vs. HMF
plots, shown in figure 3.40 between the as-milled and heat-treated samples of
the pure and Mn substituted Fe-Ge alloys. The dope of the curves indeed
changes after short range ordering takes place in the alloys but both the curves
are paralel which would not have been the case if Mn atoms substitute into
DO3 sites and hence give rise to a considerable probability for configurations
with different number of Fe 1nn than 4 and O Fe Inn and a measurable change
in isomer shift.

The short range ordering process was studied by defining the short range
order parameter (S(4)) according to equation 3.8. The value of ppoz was
assigned to be 0.67 based on the observed intensity ratio of 21 for the 8(c)
stes and 4(b) dtes peaks. Figure 3.41 shows the kinetic evolution of S(4)
parameter in case of representative samples. This behavior is analogous with
the behavior obtained in case of nanocrystalline Fe-Al aloy system. The
development of the S(4) parameter is smilar for the x=0.0, 0.3 and 0.45 alloys
and it is less for the x = 0.6 and 0.75 dloys. Figure 3.42 shows the behavior of
the S(4) with Mn composition after 24 hours heat treatment. This behavior is
expected for alarger deviation from A3B stoichiometry due to Mn segregation.
Figure 3.43 shows the parametric plot between the evolution of grain size and
S(4). It is seen that the growth of the grains and evolution of short-range order
are correlated independent of the aloy compositions. Figure 3.44 shows the
comparative temporal evolution of S(4) parameter and grain growth in the

aloy systems at 350°C. It can be seen that both the processes take place on the
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Figure 3 41: Tempora evolution of the short range order parameter at 350 C.
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same time scae. This indicates that the underlying mechanism for atom
diffusion is the same for ordering as well as segregation.

In conclusion, it was observed that Mn substitution in the nanocrystalline
Fe-Ge dloy system leads to grain boundary segregation of Mn atoms on
ordering heat treatments of the initiadly disordered homogeneous as-milled
alloy state. This was in contrast to bulk Fe;X alloys where Mn substitutes at
preferential sites in the DO; dructure up to a large concentration. The
development of DO; chemica short-range order and grain growth proceed on
the same time scale at 350°C.

3.3 Quasi Binary Systems (FeCo-X, X = 4 at. % Mo, Ge, W)

a Introduction

The kinetic evolution to the chemicaly ordered equilibrium state of an
ordering alloy from its initial disordered date has been a subject of many
interesting studies but not fully understood [6, 66]. It has been argued that for a
ternary alloy where the state of order is characterized by two order parameters
the alloy may develop various combinations of the order parameters in the
approach to the fina equilibrium state [67]. The initid and find states may be
connected by different chains of intermediate states i.e. for a given value of one
order parameter, the other order parameter need not have a unique value. It was
shown using Master Equation formulation that these chains of kinetic evolution
towards the final equilibrium order or ‘kinetic paths' were temperature
dependent when the atomic species of the dloy had different activation energy
barrier heights for diffusivejumps or different interatomic interactions.

FeCo phase diagram (figure 3.45) shows alarge region of B2 order and a
M ossbauer spectroscopic study on the kinetics of chemica ordering in severd
piston-anvil quenched FeCo-X dloys (X = W, Nb, Mo, Cr, Ti, V, and Al)
showed that the kinetics of B2 ordering was sowed down for the 4d and 5d

solutes but the 3p and 3d series elements did not affect the ordering kinetics
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[68]. This was understood to arise due to the lesser mobility of the W, Nb and
Mo solutes. A more detailed investigation of the FeCo-Mo system was
subsequently carried out to observe differences in kinetic paths of the Warren-
Cowley short-range order parameters oimore and ccore at different temperatures
[69]. The kinetic paths at 350°C and 400°C were indeed observed to be
different abeit not as much as predicted from model calculations. The
temperature dependence of kinetic paths was attributed to the high activation
energy barrier for diffusvejump of Mo atoms.

In this section we will discuss our studies on the kinetic behavior of the
FeCo-X aloys prepared in the nanocrystaline state by the process of
mechanica alloying to see the effect of the nanocrystalline nature of the alloys
on the ordering process. The kinetic evolution of B2 order in nanocrystalline
FeCo-X adloys was sudied a different temperatures using Mossbauer
spectroscopy and powder XRD techniques. We found that the kinetic paths
were essentially the same at different temperatures. This suggests that the
larger grain boundary regions in these nanocrystalline aloys act as short
circuited diffuson paths and give rise to an increased rate of diffuson for al

the atomic species congtituting the alloys [70, ref 194 of chapter 1].

3.3.1 Fe-Co-Mo

a Experimental

FeCo-4 a. % Mo dloys were prepared by direct mechanical milling of
the elemental Fe (99.99% purity, fine gray powder from Aldrich-Sigma
Chemicals), Co (m2N8, sphericad -325 mesh, from Alfa Products) and Mo
(m3N#, -200 mesh, from Alfa Products) powders. The sample was initialy
milled for 24 hours, but this was not sufficient to produce a completely
disordered alloy. It was in partially ordered state as evident from the area of the
satellite peak in the Mossbauer spectra, being less than mat expected for a
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random distribution. The milling time was therefore increased to 50 hours to
obtain a completely disordered aloy with the satellite peak area corresponding
to that of a binomial distribution of a random aloy. The as-milled alloys were
formed in single-phase disordered bcc structure as confirmed by the X-ray
diffraction (XRD) pattern. The average grain Sze obtained from XRD pattern
of the as-milled alloy was aout 10 nm. Both the 24 h and 50 h milled samples
were heat treated under argon atmosphere in borosilicate glass ampoules at a
pressure of 0.05 Torr for various periods of time ranging from few minutes to
severa hours at 250°, 300°, 350° and 400°C to follow the evolution of B2 order
in these samples. Mossbauer spectra with good Statistics were recorded and -the
HMF distributions evauated from the spectra were fitted to two Gaussian, one
corresponding to the man pesk and the other corresponding to the satellite
peak.

b Results and Discussions

Figure 3.46 shows the Mossbauer spectra for the as milled FeCo and
FeCo-4 a. % Mo aloys. Also shown in the figure is the difference spectrum
between the two aloy systems. The difference spectrum corresponds to a
hyperfine field of 54 kOe lower than the average hyperfine field for FeCo. This
is attributed to the presence of Mo atoms in the 1% near neighbour (1nn)
environment of Fe. The presence of satellite lines in FeCo-Mo at lower field
values is similar to that observed by adding a few atomic percent solutes to
pure iron in several Fe-X (where X = few atomic percent Si, Al, Mn, Cr, Mo
etc.) alloys [71]. The observed field shift of 54 KOe for the satellite line is in
good agreement with earlier work [68]. The average hyperfine field
perturbation caused by 1 Mo aom either in the Inn or in the 2nn shells of Fe
atoms is around 35 kOe [69]. Hence in calculating the binomial probability
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distribution for the disordered alloy we considered both the nearest neighbours
and probability distribution of the form

Paz ={ "Cx (¢)* (1- ¢) K Cy (c) (1- )"} (3.14)

Where c is the concentration of the solute, 8 and 6 are the total possible
number of 1*' and 2" nn, and x and y are the number of solute atoms in these
nn shells.

The experimentally obtained Mo satellite peak area corresponded well to
a random distribution of 1 Mo aom in the firs nearest neighbour shell of Fe
and 0 Mo atom in the 24 as cadculated usng x=I and y=0 in the above
binomial distribution, which confirmed the formation of a disordered bee (a
phase) homogeneous solid solution in the as-milled state.

After ordering heat treatments the width of the main peak as well as the
intensity of the satellite peak decrease as shown in Figure 3.47. The area of the
main peak on the other hand increases. The hyperfine magnetic field
distributions evaluated from the Mossbauer spectra are shown in Figure 3.48.
The Mossbauer Spectrum for as milled FeCo sample shows a six line magnetic
hyperfine field split pattern with broadened lines, having outer line width equal
to 0.52 mm/sec as compared to 0.30 mm/sec for natural Fe. The hyperfine
magnetic field is detennined to be 349.4 kOe from the splitting of the outer
lines. Ordering of the alloy by heet treatment at 400° C for 24 hours gave
narrower lines and a hyperfine magnetic field of 343.8 kOe. These results are
in good agreement with earlier reported vaue for quenched and anneaed
samples [72]. This shows that B2 ordering in FeCo decreases the magnetic
hyperfine field at Fe sites relative to the disordered state of the alloy.

From these observations and aso from earlier studies of disorder—B2
order transfonnation in pure FeCo it is known that the width of the hyperfine

distribution decreases with increase in chemical order due to a change in Inn
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environment from a random distribution to that of an ordered arrangement of
al Co neighbours. The width of the main peak is therefore an appropriate
measure of the <Co/Fe> correlation. Smilarly as the order develops more and
more configurations correspond to Fe atoms with Co neighbours and the area
of the main peak increases, therefore this area can dso be considered as a
measure of the <Co/Fe> correation.

The aea of the satelite pesk corresponds to the <Mo/Fe>
correlation. A decrease in Mo satellite area (Figures 3.47 and 3.48) as ordering
takes place, shows that Mo atoms move away from 1nn shel of Fe to a Co near
neighbour environment. This is in agreement with the metallic bonding theory
of Miedema [73] according to which Co-Mo bonding is preferred to Fe-Mo
bonding.

Figures 3.49 and 3.50 show the kinetic paths for the nanocrystalline
FeCo-4 a. % Mo dloy a different temperatures in the space spanned by the
order parameters <Mo/Fe> and <Co/Fe>. These plots include points for both
the 24 h milled and 50 h milled aloys. It is interesting to note that these paths
are essentially the same within experimenta errors at al the temperatures and
for both the initial states of the aloys.

This observation should be compared to the behavior of piston-anvil
guenched polycrystalline FeCo-Mo dloys [69], in which these kinetic paths
were seen to be distinctly different at 350°C and 400°C. The absolute rate of
change of these correlations at these temperatures in nanocrystalline aloys
were aso seen to be substantialy faster as compared to those observed in the
previous study [69]. This observation prompted us to study the evolution of
order at a lower temperature of 250°C to see whether a higher activation barrier
for Mo diffuson would give rise to difference in kinetic path a a lower
temperature. The rate of change of correlations was observed to be slower, as
expected at a lower temperature, but the kinetic path followed was the same as
that at 350 and 400°C.
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We are therefore convinced that the kinetic path behavior of the
nanocrystalline system is intrinsgcally related to the nanocrystalline nature of
the ball-milled alloys. The main difference between the macrocrystalline and
nanocrystalline systems is the presence of large volume fraction of grain
boundary regions. These boundary regions provide short-circuited paths for
diffusion of atoms [70, ref 194 of chapter 1]. The activation energy of diffusion
for the different atoms aong these short-circuited paths may not be
substantially different and thus give rise to identica kinetic paths for ordering.

3.3.2 FeCo-Ge System

The evolution of B2 order in a disordered Fe-48 a. % Co- 4 a % Ge
aloy was studied. We followed the kinetics of firs neighbour <Fe/Co> and
<Fe/Ge> correlation and obtained the kinetic paths to determine their
temperature dependency. The disordered adloy was prepared by MA and was
subjected to heat treatments at 200, 250, 300, 350 and 400° C under Argon
atmosphere for various periods of times to study the evolution of B2 SRO in
the system. Homogeneous and chemically disordered bcc (a) phase aloy was
produced as a result of MA as shown by the Mossbauer Spectra (figure 3.51)
and the corresponding HMF distributions (figure 3.52) of FeCo and FeCo-Ge
aloys. The presence of the satellite peak for the Fe-48 at. % Co-4 a. % Ge as
milled sample is evident (figures 351 and 3.52), which is attributed to the
presence of Ge in the first nn shell of Fe. The fiedd shift between the main peak

d the 1 Ge Inn pesk is 24.9 kOe, in good agreement with the field shift of 24
kOe observed in Fe-6 a. % Ge dloy [74]. The HMF distributions were fitted to
two Gaussian, one corresponding to main peask and the other corresponding to
satellite peak. The experimentally obtained Ge satellite peak area corresponded
well to arandom distribution of 1 Ge atom in the first nearest neighbour shell
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Figure 3.52: HMF digtributions of as-milled Fe-Co and FeCo-Ge alloys

showing the formation of the dloy in a phase. The evolution of B2

order on ordering heat-treatment accompanied by the depletion of Ge
atoms from the 1nn environment of Fe is seen from the decrease in the
satellite pesk area and incraese in the main pesk areain the corresponding
fidd distributions of the heat-treated samples.
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of Fe (equation 3.1), which confirmed the formation of a disordered bcc (a
phase) homogeneous solid solution in the as-milled state. The grain size of the
as-milled alloy was determined to be approximately 10 nm.

With the evolution of B2 order on ordering heat treatments the Ge atoms
depleted from the Fe nearest neighbour environment causing a decrease in the
satellite peak areas as shown in figures 3.51 and 3.52, the area of the main peak
on the other hand increased. This behaviour was similar to that of FeCo-Mo.
The Ge atoms may either migrate to the grain boundaries or go to the nearest
neighbour environment of Co, which are 2™ or more distant neighbours of Fe
atoms and hence the effect of Ge atoms on Fe HMF is much less pronounced.
Figure 3.53 shows the kinetic paths a 200 and 250 C through the space
gpanned by the areas of the main and satellite peaks which in turn represent
<Fe/Co> and <Fe/Ge> correlations. The kinetic paths were not plotted for
other temperatures, as the reduction rate of the satellite peak areas was very
high a higher temperatures resulting in gSituations where satellite peaks were
hardly detectable even after 10 minutes of heat treatment. However we
observed that the kinetic paths at these two different temperatures fel on the
same line. This suggests that the activation barrier for Ge diffuson is similar to
that of Fe and Co through shorted circuited diffusion paths provided by the

grain boundaries in this nanocrystalline aloy.
3.3.3 FeCo-W System

The kinetic evolution of B2 order in disordered FeCo-W system was
studied with the idea that whether the bigger size of the Tungsten (W) atoms in
comparison to that of Mo or Ge atoms had any effect on the kinetic paths or in
other words different microstructure formations towards the attainment of
equilibrium ordered structure. An attempt was made to correlate the grain

growth behaviour with the ordering process in this aloy system and we will
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see that the underlying atomic diffuson responsible for grain growth as well as
ordering process is the same.

Powder mixtures satisfying the composition Fep4sC004sWoo0s wWere
subjected to MA. Initially the powder mixture was milled for 24 hours, which
was found not to be sufficient for the homogeneous disordered bcc alloy to
form. The presence of unmixed W lines in the powder XRD pattern was
observed after 24 hours. The unmixed W lines in the X-ray patterns were
indexed according to the JCPDS1CDD (1999) data of pure W with PDF
numbers 01-1203, 01-1204 and 04-0806. Hence the powder mixture was milled
consecutively up to a total time of 123 hours till the disordered aloy was
formed. XRD patterns and Mosshauer spectra were recorded at each stage of
milling to monitor the formation of the alloy. Figure 3.54 shows the sequence
of XRD patterns for different times of milling. The find composition after
milling for 123 hours was (FeCo)y9yWoo; a determined by EDAX
measurement. The Mossbauer spectrum of the find as-milled sample is shown
in figure 3.55; the presence of satdllite line due to presence of W atoms in the
nearest neighbour environment of Fe is evident in the spectrum as wel as in
the corresponding HMF distribution. The HMF perturbations due to 1nn and
2nn W atoms of Fe atoms were found to be around 46 and 25 kOe respectively
from the earlier measurements [ref 32 from chapter 2]. The contributions from
both the nn are substantial and in determining the satellite peak area for the
disordered aloy we need to use equation 3.14. The fidd shift of around 50 kOe
for the satellite peak (w.r.t to the man pesk a around 350 kOe) in our
experimental data is in accordance with the Inn 1 W HMF perturbation. The
field distribution was fitted to two Gaussian, corresponding to main and
satellite peaks respectively, and the experimental area of the satellite peak after
123 hours of milling matched well with the calculated probabilities with x=I
and y=0 and c=0.03 in equation 3.14. The above findings from XRD and

Mossbauer spectroscopic data confirm the formation of the aloy in a
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disordered bcc (a) phase dter 123 hours of milling. The as-milled grain size
obtained from the line broadening of the X-ray line was around 9.5 nm.

The as-milled dloy was subjected to ordering heat treatments at 250,
300, 350, and 400°C for periods of times ranging from few minutes to few
hours. On ordering heat treatments the W atoms depleted from the Fe nearest
neighbour environment causng a decrease in the satellite peak areas as shown
in the representative Mossbauer spectra and corresponding HMF distributions
in figures 3.55 and 3.56. But there were no extra lines gpart from the bcc lines
observed in the X-ray spectra, figure 3.57, which indicates that like Ge and Mo
atloms W atoms aso migrated to GB regions or in the nearest neighbour
environment of Co atoms, but no W-Co or pure W phase was precipitated.
Figure 3.58 shows the kinetic paths at different temperatures in the space
gpanned by the Gaussan areas, which represents the <Fe/Co> and <Fe/W>
correlations. The kinetic paths ae same for dl temperatures within
experimental errors or rather they are temperature independent. Figure 3.59
shows another representation of kinetic paths in the space spanned by area of
the satellite peak (<Fe/W> correlations) and width of the main peak (<Fe/Co>
correlations). All the points in this figure lie in the same path independent of
temperature. We, therefore, obtained for this sysem also same kinetic paths at
dl temperature which shows that different szes and diffusivities of the
constituents atoms does not make any difference on the kinetic paths of
ordering as long as the short circuited diffusion paths for atomic diffusion
through grain boundaries are present in the nano phase.

The narro wing of X-ray lines (figure 3.57) on heat treatment, show
grain growth and the kinetics of gran growth at different temperatures is
shown in figure 3.60 by solid symbols. Hollow symbols in this figure depicts
the kinetics at different temperatures of the main Gaussan peak area which
increases on ordering by W depletion from Fe environment resulting in more

and more Co neighbours of Fe. 1t can be seen from this figure that the grain
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growth and ordering kinetics is essentidly the same within experimental errors
and they are of first order following equation 3.11. Figure 3.61 shows the
important parametric plots between grain size and width and area of the main
peak and between gran size and aea of the satelite peak. The linear
correlation between the grain sze and areas of the peaks as well as grain size
and width of the main pesk independent of temperature and time indicates that
the underlying driving force for grain growth and ordering is the same and
which is minimization of Gibbs' free energy. The atomic diffusion, which is
the underlying mechanism for these two processes, takes place over the same
time scale. Figure 3.62 shows the temperature (of heat treatment) dependence
of grain growth, man and satdllite pesk areas, and width of the main peak. It
could be seen from the comparative plot (in the middle) of grain size and area
of the main pesk vs. temperature that the temperature dependence of these
parameters are adso gSmila within  expeimenta errors like tempordl
dependence.

In conclusion our study of the kinetic evolution of B2 order in
nanocrystalline FeCo-X (X = Mo, Ge, and W) dloys show that the kinetic
paths in the space spanned by the two short range order parameters ocore and
axre (represented by <Co/Fe> and <X/Fe> correlations) were independent of
temperature within experimental errors. Hence the B2 ordering proceeded
along the same path at different temperatures. It may therefore not be possible
to develop new ordered microstructures in the nanocrystaline system by
simple thermal processing at different temperatures as was found possible for
macrocrystalline FeCo-Mo dloys [69], wherein different kinetic paths at
different temperatures were observed. The explanation for this difference in the
Kinetic behavior lies in the larger grain boundary volume in the nano-system as
compared to that of microcrystaline aloys, which provide high diffusivity
short circuited paths for dl congtituent atomic species in the aloy. The
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activation energy barrier for diffuson of X atoms are comparable to that of the
host Fe and Co atoms, giving rise to development of both order parameters at
the same rate, if we assume that their interaction energies do not vary

substantially.
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Chapter 4

Spinodal Decomposition in Nanocrystalline Fe-Cr alloys
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4.1 Introduction

Fe-Cr phase diagram is shown in figure 4.1 [ref 43 of chapter 3]. It has a
miscibility gap as well as a Spinodd region. There are several earlier studies on
Spinoda decomposition (SD) in aloy systems in generad and specificaly in
microcrystalline Fe-Cr aloys [1-5]. It is mentioned in chapter 1 that the SD
process initializes over nanometer range spatial regions in bulk alloys having
large grains. It is therefore interesting to sudy the SD process in
nanocrystalline aloys where the grain sze itself is dso in nanometer range.
The SD process should be affected or rather limited by the grain growth in this
nanocrystalline grains. Our am was to study the Spinoda decomposition in
nanocrystalline Fe-Cr aloys from an initid homogeneous disordered state and

to find the correlation between the grain growth and SD process.

4.2 Experimental

Nanocrystalline Fe,.xCr, (x= 0.1, 0.2, 0.35, 0.45) alloys were prepared
by mechanical alloying of the dementa high purity Fe and Cr powder. The
Fe contamination from milling as determined by EDAX analysis was within
the range of 0.2-0.8 a. percent. To study the Spinodd phase decomposition
behaviour, the as-milled aloys were hesat treated at 475° C, 460° C, 400° C and
300° C for various periods of times ranging from few minutes to hundred of

hours.

4.3 Results and discussion

Figure 4.2 shows the XRD patterns of the as-milled alloys with different
Cr concentrations. The broadening of the lines in the X-Ray pattern shows the
formation of the aloy in the nanocrystalline phase. The average grain size of
the as-milled aloys determined was around 10 nm and lattice constant was
2.868A. To follow the dloying process through milling, the alloy with 20 at. %
Cr was milled in steps of 4 hours up to 24 hours. Figure 4.3 shows the XRX)
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Figure 4.2: X-ray diffraction patterns of the as-milled samples with different
Cr concentrations, showing the presence of only disordered bcc (a) phase.



patterns of this milling sequence. Broadening of X-Ray lines due to grain size
reduction could be seen from this figure. The presence of separate Fe and Cr
lines is not visible even dfter 4 hours of milling. This may be because of
closeness of the positions of the lines of pure Fe and Cr (fundamenta lines at
26 values of 44.71 and 44 .41 with lattice constants being 2.8665 and 2.8847 A
respectively), which hinders the resolution of the lines once they become broad
due to grain refinement with milling. It is expected that grain refinement of the
individual component take place even dter 4 hours of milling. However the
HMF distributions of figure 4.4 evaduated from the Mossbauer spectra recorded
a each stage of milling show clearly the aloying behavior. It is seen that
initially upto 8 hours of milling no aloying took place and only the Fe fied
(~330 kOe) peak was present. After around 12 hours of milling the other peaks
dueto Cr 1* and 2™ nn of Fe started coming with a field shift of around 10 kOe
of the O Cr nn peak. The formation of the dloy is complete after 24 hours of
milling. The fidd shift of ~10 kOe for the 0 Cr 1% and 2™ nn is in accordance
with the earlier results [6, 7]. All the other Cr concentration alloys were milled
for 24 hours except the 45 at. % Cr composition, which required a milling time
of 30 hours for the formation of a fully disordered homogeneous alloy. Figures
4.5a and 4.5b show respectively the tempora evolution of the broadening of
the fundamental (110) X-ray peak and grain size with milling. The grain size
determined from the X-ray fundamenta pesk broadening at the find stages of
milling (i.e. 20 hours onwards) is the true nanocrystalline grain size but at the
initial stages of milling is not the true grain size of the nanocrystalline aloy as
the aloy is not formed at these stages and overal broadening is arising due to
superposition of unresolved broad peaks of Fe and Cr. But we can till use this
grain size value to see the trend of grain size reduction with milling time
irrespective of the absolute values. The solid line through the experimenta
points of figure 4.5 b is the exponential decay functiona fit to the grain size

reduction behavior.
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Figure 4.4: Evolution of HMF distributions with milling time, showing the

formation of the homogenoeus disordered dloy typicaly after 20-24 h.
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The Mossbauer spectra of the find as-milled aloys with different Cr
concentration are shown in figure 4.6. No signature of any paramagnetic peak
near zero velocity arisng from the Cr-rich phase is seen in the Mossbauer
gpectra. The corresponding HMF distributions evaluated from the Mossbauer
spectra of figure 4.6 are shown in LHS of figure 4.7. The calculated binomial
probability distributions using equation 3.14, expected for a random
configuration of atoms in a disordered bcc dloy are shown in the RHS of
figure 4.7. In finding out the binomia distribution the perturbation caused to
the Fe nucleus by both 1% and 2™ nearest neighbours (nn) Cr atoms was
considered [7]. The vaues of the 1% nn Cr perturbation (AH;) and 2% nn Cr
perturbation (AH,) were taken to be 31.5 kOe and 22 kOe respectively [7] in
using equation 2.15 to find the fidd vaues due to different Cr nn of Fe. In this
way we get 63 (0 to 8 1% and 0 to 6 2™ nn) different fidd values and their
probabilities. But in the actud experimenta distributions the numbers of peaks
are much less because many of these peaks with close HMF values cannot be
resolved. To incorporate this behavior we have added up the probability values
of the fields lying in the range of every 20 kOe and assign the field value for
this added-up probability, which is the average of the two extreme field values
(e.g. 300 to 320 kOe fields were assigned a vaue of 310 kOe). This procedure
reduced the number of field values and their probabilities to 18 (between 0-360
kOe field range), which is shown in RHS of figure 4.7. The excellent
correspondence between the experimentally obtained probabilities and
calculated probabilities shows clearly that the as-milled alloy was formed in
complete disordered homogeneous state after typica milling times of 24-30
hours. The formation of the disordered homogeneous aloy in otherwise phase
separating system is one of the important attributes of MA, as discussed in
chapter 1.
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Figure 4.6: Mosshauer spectra of the as-milled aloys with different Cr
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The as-milled aloys were hedat treated to see the formation of a (Fe-rich)
and a (Cr-rich) phases from the A2 phase either by SD or by NG depending on
the starting composition of the dloy. The a phase is characterized by the
presence of a paramagnetic singlet in the Mossbauer spectrum with IS values
of around -0.1 mm/sec w.r.t. pure Fe [6].

Figure 4.8 shows the representative X-Ray patterns for the 20 and 45 at.
% Cr samples hesat-treated at the temperature and time mentioned in the figure.
Figure 4.9 shows only the fundamentd (110) X-Ray peaks for the
representative heat-trested samples with different Cr concentrations in
comparison to as-milled samples. Narrowing of line widths shows grain
coarsening.

Figure 4.10 shows the HMF distributions evauated from the M ossbauer
spectra of the 10 a. % Cr dloy heat treated at the temperatures for the periods
of times mentioned in the figure. The fidd distribution of the as-milled sample
Is also shown in the figure and it can be seen that there is hardly any difference
between the as milled and heat treated samples fidd distributions. This
indicates that no phase separation is taking place in this aloy system at these
temperatures. According to equilibrium phase diagram this behavior is
expected a 460'C (a phase boundary a 12.87 a. % Cr) but at 300°C the
system should decompose to oo’ phase. The most probable reason for this
kind of no phase separation could be attributed to nano-grain size of the heat-
treated sample also. The average grain size of the 300°C, 72 hours heat treated
sample was ~17 nm, which increases the solubility of Cr in Fe due to capillary
effect. The Mossbauer spectra of the heat-treated samples at this composition
are not shown, as they are very smilar to the as-milled Mossbauer spectrum

shown in figure 4.6.

Figures 4.11(@ and (b) show the Mossbauer spectra and the
conesponding HMF distributions of the 20 atomic percent Cr sample, as-
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Figure 4.8: Shows the representative X-Ray patterns of the heat treated samples.
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(110) X-Ray pesk of the representative heat-treated samples, with different
Cr concentrations in comparison to the as-milled samples.
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Figure 4.10: Shows smilar HMF distributions of the as-milled and hesat treated samples.



197

milled and heat treated a 400°C for 0.5 and 265 hours. The formation of the
Fe-rich (a) phase is evident from the increase in the intensities of the peaks in
the distribution towards higher fiedds with a corresponding decrease in the
intensities of the pesks towards lower fidd vaues. This represents
configurations with lesser number of Cr aoms in the nearest neighbour
environment of Fe due to depletion of Cr from Fe 1* and 2™ nn shells.

Figures 4.12 and 4.13 show respectively the representative Mossbauer
spectra of the 35 and 45 a. % (x= 0.35, 0.45) Cr samples, as-milled and heat
treated at 300, 400, and 475°C for periods of times specified in the figures.
Figures 4.14 and 4.15 show respectively the HMF distributions of dl the heat-
treated samples at the above three temperatures for different periods of times
including those from the Mgssbauer spectra of figures 4.12 and 4.13. As-milled
fidd distributions for both the Cr concentrations are dso shown in figures 4.14
and 4.15 for comparison. The phase decomposition towards equilibrium phases
is evident from these four figures from the shift of the peaks towards higher
fidd values designating formation of Ferich phase with Cr atoms depleting
from Fe nearest neighbour environment. In case of samples heat treated a
475°C for 50 hours and above, the formation of Cr-rich phase is dso seen in
the Mossbauer spectra and fidd distributions as a paramagnetic peak. To fit
this paramagnetic peak better we have adopted the procedure of introducing
fixed field component in the distribution with IS values optimized close to the
earlier reported value of ~-0.1 mm/sec w.r.t pure Fe [6]. The presence of this
paramagnetic peak is not there in the Mossbauer spectra and field distributions
of 300 and 400°C hesat-treated samples. The fractions of o phase formed at
475°C after around 110 hours of heat treatments are only ~ 2% for the x=0.35
alloy and ~5% for the x=0.45 dloy.

Now the question is whether the phase decomposition is proceeding
through Spinodal decomposition (SD) or nucleation and growth (NG). There
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milled and hest treated.
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Figure 4.12: Representative Maossbauer spectra of the 35 at. % Cr samples, as-
milled and hest treated. The gradua increase in the seperation of lines indicates
the development of the a phase and the signature of the paramagnetic o phase
line is clearly seen in the spectrum corresponding to 475 C, 111 h heet treated
sample.
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Figure 4.13: Representative Mossbauer spectra of the 45 at. % Cr samples, as-
milled and hest treated. The gradud increase in the seperation of lines indicates
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line is clearly seen in the gpectrum corresponding to 475 C, 50 h heat treated
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Figure 4.14: HMF distributions evauated from various hest treated samples
and also of the as-milled sample pertaining to the x = 0.35 aloy system.

The gradua increase in the width of the distribution without the appearence
of the peaks towards the extreme fidd vaues shows the phase decomposition
proceeds through SD process and not through NG.
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are two different ways of answering this question using Mossbauer
spectroscopic studies. One way is to look a the changes in the hyperfine
magnetic field distributions and compare with the expected distribution for the
SD or NG process. In our study we adopted a smplified model of composition
fluctuation of the form of Gaussan [8] and found out the probability
distributions at different stages of the decomposition. The composition
differences between the starting composition and the phase boundaries was
divided in ten equd intervals and at each of these intervals one Gaussian
composition profile was assigned with atypicd full width equals to 6 times the
sguare root of the particular composition concerned. The binomial probability
distribution for the firg two nn shells of Fe obtained using these Gaussian
profiles on each composition interva on both sides of the starting composition
was added to get the overal probability distribution because of decomposition.
RHS of figures 4.16 and 4.17 show such a smulated distribution at different
stages of decomposition for the aloy sample with x=0.35 a 400 and 475°C
respectively. The legends (g;, €) in the figures denote the stages of
decomposition on both sides of the starting composition. RHS of figures 4.18,
4.19, and 4.20 shows such distribution at different stages of decompositions for
the alloy sample with x=0.45 and at temperatures 300, 400, and 475°C.

The LHS of these (figures 4.16-4.20) figures show the probability
distribution calculated by assuming NG decomposition process at the
compositions and temperatures mentioned above. In calculating the probability
distributions of the figures we have assumed the decomposition process taking
place continuoudly, i.e. the a and o phases nucleate and grow continuously
from the disordered matrix. The legends (f) in these figures denote the fraction
transformed, eg. f = 0.2 means formation of 20% of the end phases with the

remaining 80% disordered matrix.
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Figure 4.16: (LHS) and (RHS) repectively show the calculated probabilities
at different stages of the NG and SD processes at 400 C for the x = 0.35
dloy. The detail procedures of the calculations are discussed in the text.
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Figure 4.17: (LHS) and (RHS) repectively show the calculated probabilities
at different stages of the NG and SD processes at 475 C for the x = 0.35 alloy.
The detail procedures of the caculations are discussed in the text.
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Figure 4.18: (LHS) and (RHS) repectively show the calculated probabilities
at different stages of the NG and SD processes at 300 C for the x = 0.45 alloy.
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Figure 4.19: (LHS) and (RHS) repectively show the calculated probabilities
at different stages of the NG and SD processes a 400 C for the x = 0.45 alloy.
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Figure 4.20: (LHS) and (RHS) repectively show the calculated probabilities
a different stages of the NG and SD processes a 475°C for the x = 0.45 alloy.
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It is to be noted from the above figures (4.16-4.20) that though the fina
distributions are dmost the same for both SD and NG (as expected) but during
the initial stages (let's say up to f=0.6 for NG and €,=¢,=0.5 for SD) they are
quite different. The SD distributions are broadened without the appearance of
the extreme end peaks (denoting Ferich and Cr-rich phases) whereas NG
distributions show the extreme peaks from the beginning itself without initia
broadening. This difference in distributions from these two processes is in
accordance with the earlier comments [9].

Let us now compare the distributions obtained in figures 4.16 to 4.20
with our experimental distributions of figures 4.14 and 4.15. The initid
broadening of the experimental distributions without the extreme fields peaks,
in agreement with the calculated distributions obtained for the SD model, is the
clear indication of the SD process occurring in these systems with 35 and 45 a
% Cr concentration at temperatures 300, 400 and 475°C. The final degree of
decomposition obtained using the method of Dubid [9] was 0.54 a 475° C for
the x=0.45 dloy system, which was of the same order of magnitude as obtained
for the polycrystalline dloy [9]. In case of 10 and 20 «o aloys the calculated
distributions obtained a 300°C (for x = 0.1) and 400°C (for x = 0.2) by
assuming SD and NG processes using the above prescriptions are shown in
figures 4.21 and 4.22 respectively (LHSNG and RHS-SD). If we compare
these distributions with the experimental distributions of figures 4.10 and 4.11
respectively, then it is evident that the decomposition is proceeding through
NG process in case of 20 a % Cr sample and no decomposition for the 10 at %
Cr sample.

The second method is to look at the average HMF, <H>, derived from
the Mossbauer spectra. This was suggested as a very good method of finding
whether the phase decomposition reaction proceeds through (NG) or (SD) [9].
Figures 4.23a and 4.24a show the temporal evolution of <H> at 400 and 475 C
for the 35 a % Cr dloy and at 475°C for the 45 a % Cr alloy. The absolute
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Figure 4.21: (LHS) and (RHS) repectively show the calculated probabilities
at different stages of the NG and SD processes at 300 C for the x = 0.1 alloy.



Probability p(H) (arb. units)

211

-

£=10 II 1_52-:1.0
Nl -lll L _-Illl_
=08 | s1=ez=0.7
™~ -_ll_l I_I_II_I_II,-_.,_._IIII_I_I_
E, - E, =0.5

S0l i,

™
I

P i:1={22=0.3
A Il_
E, T E, .
f=0.2
£=0.0 5 =, = 0.0

__.adl - 1

0 100 200 300 0 100 200 300

Hyperfine magnetic field H (kOe)
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rates of changes of gran sze and <H> are different at these two temperatures
(as expected) but the immediate rise in <H> with time is a clear indication that
the reaction is proceeding through Spinodd decomposition [9]. However for
the 10 a % Cr dloy there was hardly any decomposition to change the <H>,
and for the 20 at % Cr sample, the <H> at 400° C was nearly constant (changed
from 286 kOe for the as-milled state to 295 kOe &fter /2 hour and 298 kOe after
265 hours of heat treatment) with time. Thisisin contrast to the sharp changes
that occurred in case of 35 and 45 a. % Cr dloys, showing clearly that the NG
process is taking place in the 10 and 20 atomic percent Cr aloys.

One interesting, result that emerges from our study is that the grain
growth is linearly co-related to <H> independent of temperatures as shown in
figures 4.23b and 4.24b for x = 0.35 and x = 0.45 aloy compositions. The
absolute kinetics of grain growth and SD is dso smilar as shown in figures
4.23a and 4.24a. This implies that the phase formation through the SD process
takes place over a spatid region of the order of the nanocrystalline grain size
and the underlying mechanism and driving force for both the processes is
same, viz. to minimize the contribution of the interface concentration gradient

energy to the tota Gibbs free energy.
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Chapter 5
Precipitation Phase Transformation in Nanocrystalline Fe-Mo

Alloys
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5.1 Introduction

The Fe-Mo phase diagram, figure 5.1 (ref 43 chapter 3), shows that Fe
rich Fe-Mo alloys foom a bcc solid solution (a phase) having a maximum
solubility of 24.4 a. % Mo in Fe a a temperature of 1449° C, which decreases
rapidly to alow vaue of 114 a. % Mo at 550° C. Below about 900° C there
exists an intermetallic compound of stoichiometry Fe,Mo (X phase). Earlier
measurements on a phase microcrystaline Fe-Mo aloys were done after
retaining the high temperature a phase by quenching into cold helium gas.
Mossbauer spectroscopy was used to study the phase separation in the two-~
phase region (a+X) a lower temperatures and the solvus compositions were
determined at these temperatures [1,2]. In another recent study, the phase
decomposition in splat-quenched Fe-20 a. % Mo aloy was studied by atom

probe field ion microscopy and high-resolution eection microscopy [3, 4].

In this study we look at the precipitation phase transformation in the
nanocrystalline Fe-rich FeMo dloy sysem and compare the behaviour with
the microcrystaline system. Nanocrystalline Fe-Mo aloys were synthesized in
the high temperature a phase by means of mechanica alloying and the
nanostructure evolution and phase decomposition behaviour was studied using
X-ray diffraction and Mossbauer spectroscopic measurements. We find that the
transformation pioceeds on an accelerated time scae relative to the
microcrystalline sysem and Mo precipitation started only after a. critical grain

Size was attained.

5.2 Experimental

Nanocrystalline Fe, Mo, (x=0.01, 0.015, and 0.05) alloys were prepared
by mechanical aloying of the dementa Fe (Aldrich Sigma 4N) and Mo
(M3N+, -200 mesh, from Alfa Products) powders for various times ranging
from 24 to 250 hours. The x=0.05 alloy was hesat treated at 520° C and 400° C
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for various periods of times ranging from 0.5 hour to 275 hours, the x=0.015
alloy was heat treated at 520° C for 24 hours and this heat treated sample was
subsequently heat trested at 1100° C for 15 minutes. The fied distributions
obtained from the Mossbauer spectra were fitted to Gaussian functions peaked
a the field positions corresponding to HMF seen by Fe atoms with 0, 1, and 2
total number of Mo atoms in the 1% or 2™ nearest neighbor shell; the intensity
of these Gaussan gave the fraction of Fe atoms with different number of Mo
1" and 2" nearest neighbor. This corresponds to a 14 nearest neighbor model
for the bcc lattice on the assumption that the fidd perturbations caused by the
1% and 2" neighbor Mo solute atoms are approximately the same [ref 69 of
chapter 3]. The fraction of the X phase was determined by fitting the absorption
near zero velocity region of the Mossbauer spectrum to a paramagnetic
quadrupole doublet, with an quadrupole splitting of 0.22 mm/sec and isomer
shift of —0.214 mm/sec relative to pure Fe [1]. The Fe contamination of the as-

milled Fe-5 atomic percent Mo sample was about 1 atomic percent.

5.3 Results and discussion

The X-ray diffraction patterns of the as-milled alloys are shown in figure
5.2. Homogeneous single phase (a) bcc aloys are formed as a result of
mechanica alloying for dl compositions athough the equilibrium solubility is
very low at room temperature (lessthan 1 a. %). Thisis consistent with many
earlier observations that high-energy ball milling gives phases with extended
solid solubility. The average gran Sze obtained after correction for the
instrumental broadening was in the range of 10 to 13 nm for different as-milled
alloys/There is asmdl y phase loop above temperatures of 900° C in the phase
diagram and the 1 a. % Mo aloy was milled for extended periods of time up to

250 hours; however the formation of fcc (y) phase was not detected.
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The Mdossbauer spectra and the corresponding HMF distribution of the
as-milled aloys are shown in figure 5.3. These spectra correspond to the
formation of homogenous Fe-Mo solid solutions and there is no evidence for a
paramagnetic doublet from the A phase. The Mossbhauer spectra are thus
consistent with the X-ray data. The satdlite lines arising from the presence of
one or more Mo neighbours in the near neighbor (nn) environment of Fe are
evident in the Mossbauer spectra as wdl as the hyperfine magnetic field
distributions. The man pesk in the fidd distributions at about 333 KOe is
attributed to Fe atoms with no Mo near neighbours. The satellite peaks at
around 297 and 249 KOe are attributed to Fe atoms with one and two Mo
neighbours respectively. These are in good agreement with previously reported
values for coarse-grained samples [1,2, Rd. 32 of chapter 2]. The areas under
these peaks adso correspond very wel with the probabilities of different
number of near neighbor configurations in the binomia distribution. In using
the binomial distribution to estimate the probabilities of the configurations we
assumed 14 near neighbours to a given site (8 firs neighbours and 6 second
neighbours in the bee lattice) that have approximately the same distance and
the hyperfine perturbations from these neighbours are smilar [Ref. 32 from
chapter 2 and ref. 69 of chapter 3].

The asmilled nanocrystalline aloys were heat treated to see the nano
structure evolution and equilibrium phase decomposition behaviour. Figure 5.4
shows the representative Mossbauer spectra and the corresponding HMF
distribution for the 5 a. % Mo sample hest treated at 520° C. The intensities of
the satellite lines were found to diminish up to 50 hours of heat treatment
whereas that of the zero Mo peak was found to increase. Correspondingly there
was no evidence for growth of Mo rich X phase in the spectrum. From the
phase diagram it was expected that the A phase should have developed giving
rise to a quadrupole split spectrum [1] with no HMF. The absence of the X



Normalized Intensity (arb. units)

éfﬁ

» -

[de]
[

(=)}
(5]

Velocity (mm/sec)

Probability p(H)

0.C2}

0.01 ¢

0.00

=
o
@
o

0.015

b
o
S
S

0.030 +

0.015 }

0.000+4-—

221

Fe-5% Mo f’/
/N
/ \'\
Fe-1.5% Mo ‘ \
|I‘I
\
\I\I‘
I\
Fe-1% Mo I)' \‘.
\
\"\
\ﬂ
360 3;0
HMF H (kOe)
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phase but the depletion of Mo from the Fe environment shows that Mo
clustering is taking place from the a phase. This is in qualitative agreement
with earlier observations of coherent Mo clustering observed using electron
microscopic [34] and diffuse X-ray scattering measurements [5] on
microcrystalline alloys. However a comparison of the time dependence of the
satellite peak intengities for the microcrystalline (figure 7 of reference 1) and
nanocrystalline aloys (presented in figure. 5.5) shows them to be different. For
the microcrystalline aloys there is no dgnificant decrease in the satellite peak
areas up to 2 hours of heat treatment after which it starts showing a decrease
between 2 and 5 hours. For the nanocrystalline system the decrease in satellite
peak area is observed to be fagter and a significant decrease in intensity takes
place even for haf an hour of heat treatment. The reason for this accelerated
clustering of Mo atoms lies in the larger volume fraction of the grain boundary
regions in the nanocrystalline systems, which provide faster diffusion paths.

It may be possible that the behavior observed in microcrystalline Fe-Mo
alloys a 550 C may occur in the nanophase system at a lower temperature due
to faster diffuson through grain boundaries Therefore we heat-treated the as-
milled 5 a. % Mo dloy at 400°C for various periods of times up to 100 hours
to verify this hypothesis. The results obtained for this heat treatment are
presented in figure 5.6. As can be seen from this figure the kinetics of the
transformation is indeed dower a this temperature relaive to 520°C as
expected. However mere was no reentrant increase in the satellite pesk area as
was observed by Marcus et. d. a 550°C in the coarse grained system. There
was also no signature of the formation of Fe,Mo phase up to 100 hours of heat
treatment at this temperature, probably due to the dower kinetics of the
precipitation reaction at this lower temperature.

The kinetics of grain growth of Fe-5 a % Mo aloy at 520 C is shown in
figure 5.7. Also shown in the figure is the kinetics of Mo precipitation at
520°C. The Mo atoms precipitation is represented by the fraction of Fe atoms
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Figure 5.7: Kinetics of grain growth and Mo precipitation at 520° C.
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having 0 Mo nn. Though the kinetics of these two processes is similar at later
times but during the initid stages (e.g after 2 h of heat treatment) the grain
growth takes place fagter than the Mo precipitation. We observe that there is an
interesting correlation between the grain sze and the depletion of Mo atoms
from the near neighbor environment of Fe as shown in the parametric plots of
figure 5.8. There appears to be a criticd sze below which the Mo solute atoms
remain dissolved in the a phase. The presence of such a critical size also
explains the different kinetics of the grain growth and precipitation processes
during the initial stages of transformations. Giains grew first to the critica size
and then the decomposition process started. This behavior can be explained by
considering the additional contribution to the Gibbs free energy from the
surface energy (y) of the nano size grains of radius R in the nanocrystalline
phase. This is referred to as a capillary effect or Gibbs Thomson effect [ref 194
of chapter 1] and the surface energy contribution to Gibbs free energy is given
by:

AG(R)=2y V, /R (5.1)
where V,, is the molar volume. This surface contribution increases the Gibbs

free energy of ananophase dloy reative to the bulk phase:
G(R) = G () + AG(R) (5.2)
The Gibbs free energy of mixing for an aloy system comprising of

crystallites of finite sze R will contain an additiona term AG(R) from the

surface energy contribution (equation 5.1)

AGuix= AUnix - TASmix + AG(R) (5.3)
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where AUnix and ASyix are interna energy and entropy of mixing and T is the
temperature. In a system such as Fe-Mo with positive internal energy of mixing
(BDUnix) the bond energies satisfy Eaa + Epg < 2 Ea. A solid solution of Fe and
Mo at atemperature below the solvus temperature would therefore be possible
for nanosize grains if the surface energy term is negative (implying negative y)
and compensates the pogitive interna energy of mixing to give AG,;x < 0. In
nanocrystalline aloys prepared by mechanica aloying the grain boundaries
are predominantly high angle gran boundaries, which have a relatively open
structure and large free volume. The bonds between the atoms in these high
angle grain boundaries are broken (ref 194 of chapter 1, page 118). Mo or Fe
atoms residing in the grain boundary regions will therefore have lower energy
as compared to that of Mo or Fe atoms within the grain because of less number
of repulsive Fe-Mo bonds. The surface energy (y) can therefore be negative.
This dtuation is in contrast to sysems with a negative internal energy of
mixing where the broken bonds in high angle grain boundary regions have a
positive surface energy because of a decrease in the number of attractive AB

bonds.

Because of the inverse R dependence of AG(R) there exists a radius R,
up to which AG, remans negative and beyond which the free energy of
mixing AG,x becomes positive and the solute stalls to separate from the solid

solution. R, is obtained by equating AG,,ix in equation (5.3) to zero. This gives

Ro =2y Vi / ASpix (T-T, (5.4)
where T, is the solvus temperature, T is the temperature a which the
precipitation transformation is experimentaly observed, and we have taken
AUnix = AH nix = T, ASpix. An estimate of the grain size a which the solute
atoms start separating from the solution is possible if the value of y is known.

However if we assume atypicad vaue for y of about 200 mJ/m [ref 1¥4 of
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chapter 1], this grain size comes out to be about 16 nm at 520°C for Fe-5 a. %
Mo alloy. This estimate agppears to be in agreement with our experimental
observations.

The location of the Mo clusters seems to be different in the nano system
as compared to the microcrystdline system. In the microcrystalline system
there was once again an increase in the satellite pesk area between 10 hours
and 53 hours, after which the Mo rich X phase started forming and there was a
continuous decrease in the satellite peek area. The initid decrease followed by
an increase in satellite pesk intendty after 20 hours of heat treatment implies
that Mo clusters that may have been precipitated within the grains are once
again dissolved in the Fe matrix before the Fe;Mo phase is formed. In contrast
our nanocrystalline alloys show no reentrant increase of satellite pesk aress.
This implies that the formation of the X phase is taking place in the aready
precipitated Mo clusters. As discussed above, the Mo solute atoms move out
of the a phase once the grains grow in gze and the most likely place where
they can migrate is to the gran boundary regions. The typicad sze of the
coherent Mo precipitates as determined by Ishem [4] from HREM studies was
about 2 nm and such clusters could be accommodated in the grain boundary
regions. Although we do not have microscopic measurements to find the
locations of the precipitates in the nano phase aloy but based on the above
arguments it is reasonable to assume that the Mo precipitation as wel as the X
phase formation takes place in the grain boundary regions. This is further
corroborated by carrying out a heat treatment at a high temperature of 1100° C
for the x=0.015 alloy (earlier heat treated at 520° C for 24 hours) in which the
satellite intensity has decreased due to Mo clustering (figure 5.9a). The
Mossbauer spectia and the hmf distributions for this heat treated sample (figure
5.9b) are smilar to the disordered as-milled dloy showing that the precipitated

Mo clusters once again dissolve into the matrix above the solvus temperature
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and the high temperature a phase is retained at room temperature. The grain
size is microcrystalline as reveded by the line width of the X-ray diffraction
pattern recorded for this sample (figure 5.10).

In conclusion, aloys up to 5 & % Mo in Fe were synthesized by
mechanical alloying and formed in a phase bec solid solutions with average
gran sizes in the range of 10-13 nm. The precipitation transformation
(a—a+A) was found to proceed via a Mo clustering that was correlated with
the size of the nano grains. We observed that the precipitation phase
transformation in nanocrystalline Fe-Mo aloys was influenced by the surface
energy contributions of the nano-sized grains. The increased solubility of Mo
in Fe for samdl size grains as wel as the precipitation of Mo beyond a critical
size was understood in terms of the capillary effect or Gibbs Thompson effect
with a concept of negative surface energy contribution to the Gibbs free energy
of mixing arisng from aoms resding in the gran boundaly regions of
nanocrystallites for an dloy with positive interna energy of mixing. This
contribution increased the stahility of the solid solution for nano sized grains
and the Mo precipitation started once the grains grew beyond a critica size.
We argue that the Mo precipitation takes place in the grain boundaiy regions
and the Mo-rich X phase dso precipitates directly in the grain boundaiy regions
in contrast to the microcrystaline alloys where the Mo clusters formed within
the grains and were firs dissolved into the Fe-matrix before the X phase was
formed.
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Chapter 6
Structural Phase Transformations in Fe-Ge and Fe-Mn-Ge alloys:
Manifestation of Gibbs-Thompson Effect
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The Fe-Ge equilibrium phase diagram (figure 3.22) shows a L1, ordered
¢ phase in the temperature range of 400°-700° C near Fe;Ge stoichiometry.
Recently an interesting phase transformation behaviour was observed by Zhou
and Bakker [1] during mechanicd milling of L1, ordered Fe;Ge alloy. The fcc
based L1, structure was fird atomicaly disordered for short periods of milling
(about 2 hours) as seen by the disappearance of super-lattice reflections, but
later transformed to a disordered bee structure on further milling. Thus there
was not only chemica disorder induced as a result of milling as is usualy the
case with other ordered alloys but adso a Sructura change driven by
mechanical milling.

In this work we studied the phase transformation behavior of Fe;Ge
alloys synthesized in the disordered state by direct milling of the constituent
elements and found severd new and interesting effects. The as-milled material
forms in a disordered bec a phase (A2 dructure) (as discussed earlier in
chapter 3), orders initidly into the o, phase (DO; structure) on isothermal
heating above 400°C and later transforms to the equilibrium & phase (L1:
structure). This interesting phase transformation behavior is attributed to a
grain size effect. We show here that the metastable ordered o, phase exists up
to a critical grain sze after which the Gibbs free energy of the equilibrium 8
phase is lowered relative to the o, phase and the transformation is driven by a
capillary effect or the Gibbs-Thomson effect [ref 194 of chapter 1].

We aso sudied the effect of Mn addition to the A2—L1, phase
transformation in the Fe-Ge system. Earlier it was found (chapter 3) that Mn
atoms were segregated to the GB regions on the development of DO; order in
the nanocrystalline Fe; xMn,Ge (with x = 0.3, 0.45, 0.6, and 0.75) alloys. Our
idea was to see the effect of this boundary segregation on the equilibrium phase
transformation. We found that in the case of Mn substituted alloys the A2— L1,

phase transformation was taking place through the formation of a intermediate



DO3 phase and this transformation was not only governed by the Gibbs-
Thompson effect but also by the kinetics of transformation.

6.1 Fe-Ge
a Experimental

The asmilled dloys with Fe;Ge and Feo73Gep,7 stoichiometry were
subjected to heat treatments at 480°C, 500°C, 520°C and 540°C for periods of
time ranging from few hours to few hundreds of hours to see the evolution of

this ordered L1, phase from the disordered bec (A2) phase.
b Results and discussion

Figure 6.1 shows the representative XRD patterns recorded for samples
heat treated at the temperatures indicated for periods of times mentioned in the
figure. There is no signature of the fec (L1,) phase for the samples heat treated
at 480, 500, and 520°C for 96, 57 and 26 hours respectively. The presence of
only bcee peaks is evident. The narrowing of lines is indicating gran
coarsening. Although in the X-Ray patterns the superlattice lines (2 '~ '2) and
(100) corresponding to the DO3 phase could not be observed because of their
very smal intensity, but the presence of DO; order was confirmed through
Mossbauer spectroscopic measurements. The evolution of the fcc peaks with
lattice constant of 3.665 A [2] starts only after 168, 95, and 39 hours of heat
treatments at 480, 500, and 520°C. However at 540°C fcc peaks were evolved
even after 5 hours of heat treatment. The fcc and bee line intensities of the
patterns show the growth of fcc phase at the expense of bcc phase. Thus the
disordered bcc as-milled phase transforms initialy to a metastable but DO3
ordered bcc phase before it transforms findly to L1, ordered fcc with an

admixture of fcc+bee phases in the intermediate stages.



237

As-milled

I ' I
500°C 540°C
A
144 h A
N 95 h l.\ A . r
— | < |1
8| J s7h N ol A }l -
g A
gl r T o
Z I' = bce 480°C 520°C
%' | A = fce | n
c f ir A
8| | x
E 1 L JL«N-«-—LA——J
wit

40

N i -
50 60 70 80 40 50 60 70 80 90
20
Figure 6.1: Representative XRD patterns ofFe . Ge ,. alloy samplesin as

milled state and after different heat treatments as indicated.



238

Figures 6.2 and 6.3 show the evolution of the Mossbauer spectra and
HMF distributions at the above temperatures for the same time of heat
treatment. In the initid stages of the transformation there is formation of a
phase as can be seen unambiguoudy by the presence of 330 and 205 KOe
peaks in the HMF distribution, characteristic of DO; phase. The development
of the s phase is seen from the presence of peaks in HMF distributions at 245
kOe. This peak should not be confused with the pesk at around 257 kOe arising
from 3 Ge Inn of Fe due to incomplete DO; order [ref 27 of chapter 2, ref 24
of chapter 1]. Simultaneoudy with the increase of the 245 kOe fcc peak there is
a decrease in the intensty of the peaks corresponding to the o, phase.
Mossbauer and X-ray diffraction studies therefore confirm the formation of the
¢ (L1;) phase via the formation of the o, phase from the A2 phase. The
Mossbauer spectrum and HMF distribution corresponded to the fully formed ¢
phase after 14 days of heat treatment at 5209/

There were earlier reports of Mossbauer spectroscopic studies on
polycrystalline Fe;Ge prepared by induction melting [3] or powder metallurgy
[2] and atomically ordered by long time heat treatments in the € phase region
to get L1, ordered phase. These show two superimposed hyperfine spectra with
average fields, isomer shifts (relative to a-Fe), and quadrupole splits values of
(243+3) kOe, (0.25+0.03) mm/sec, (0.18 +0.02) mm/sec for one site and
(218+3) kOe, (0.25+0.03) mm/sec, and (-0.35+0.02) mm/sec respectively at
295 K for the other [2]. The evolution of the 245 kOe fidld in our heat-treated
samples thus confirms the presence of L1, order. The other expected field for €
phase a 218 kOe overlaps with the 205 kOe DO; field and is not resolved in
our field distributions. As such the fitting of the spectrum consisting of the 245
kOe L1, field is not very good with just a distribution having correlation (1 =
aH + b), so a fixed field component with above hyperfme parameters was
introduced (as alowed by the Le Caer and Dubois fitting program (discussed in
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Figure 6.2: Mossbauer spectra of as-milled and various heat treated samples
with ~Fe Ge compositions showing the A2-DO.-L1, phase transformation
(symbols: exp; sold lines:fit).
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chapter 2)) to improve the fitting. The values of the fixed field h-parameters
were varied to some extent to get a better 2 The optimized values of the
parameters obtained giving minimum v* was in the range of (245-250) kOe,
(0.23-0.27) mm/sec, and (0.15-0.19) mm/sec for the HMF, IS, and QS
respectively. The improvement of fitting by introducing such fixed field
component also indicates undoubtedly that it Is the L1, field component and
not the component arising due to incomplete DO; order. The temporal
evolution a 520°C of thee and a; phases as evauated from the total areas of
the characteristics peaks of these phases in the HMF distributions is shown in
Figure 6.4.

We propose that this phase transformation behavior from the disordered
bee a phase to the equilibrium E (L1,) phase through a metastable ordered o,
(DO;) phase is a consequence of the Gibbs Thomson effect (or capillary
effect). Manifestation of this effect was dso seen in the Mo-clustering of the
Fe-Mo homogeneous alleys beyond a critical grain size. Let us recal (from
chapter 5) that the Gibbs free energy of an aloy phase increases by an amount
AG = 2yV,,/ R for afinite size grain of radius R (assuming spherical grains)
relative to a very large Sze system due to the surface energy y residing in the
grain boundary:

G(R) = G (e0) + 2yV,, / R (6.1)

where V,, is the molar volume,
For finite size grains the Gibbs free energy for the DO3 grains as well as the
L12 grains will be increased relative to their bulk Gibbs free energy. However
due the close packing of the fcc grains the grain boundary energy for the L1,
grains is larger as compared to the DO3 grains and the increase in Gibbs free
energy of L1, grains will be more as compared to the DO3 grains. The lower
Gibbs free energy DOs ordered phase is therefore stabilized for smaller grain

size in the initial stages of transformation. However as the grains grow in size
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the Gibbs free energy of the L1, ordered phase decreases faster than the Gibbs
free energy of the DO3 ordered phase and they both become equal at a certain
grain size Ro. Beyond R, Gibbs free energy of the L1, ordered phase is lower
than that of the DO; ordered phase and there is a rapid phase transformation to
the L1, phase. To obtan an estimate of the gran sze R, a which the
a1 (DO3)—€/(L1;) phase transformation takes place at T=Ty (the temperature at
which the o(DO;)—¢(L1,) phase transformation behavior was studied) we
equate the Gibbs free energies of the two phases a Ro {Gai(Ro, Ty) = Ge(Ro,
Tn)}. This immediately yields an expresson for the Gibbs free energy
difference between the two phases for the bulk system at Ty which is given by

AG™ "* (Ty) = Gyi(, Tn)— G0, Tn) = (2/ Ro)¥eVE' = Yur Vo) (6.2)

wherey and V refer respectively to grain boundary energy and molar volume
of the phases. The Gibbs free energy difference (AG® ~°) can also be estimated
thermodynamically as follows, using the property that both entropy and
enthalpy are state functions. Let us consder the ST diagram below.

B
-

B m

T )
In the diagram Ty is the trandtion temperature at which the DO; — L1,
transformation takes place in the bulk system, Ty is the temperature at which
the heat treatment was carried out, and o, and € are the equilibrium phases.

The change in entropy at temperature Ty between o, and € phaseis given by
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C A D

‘ C
AS = BdS=J'BdS+J'AdS +J‘Dds

Using 2" law of thermodynamics, i.e dS = dQ/ T = (Cp dT)/T, a constant
pressure we get the above expression as
A C
~_—J‘ (C dT)/T+AS(TB)+J' (C dT)/T
B P D P

T oy - g
= AS(T )+_[ ((AC )/ T)dT
B p

TB

T e
:(LB/TB) +J’ ((z_\cp)de 632
Ty
where Ly is the latent heat involved in the bulk transition.
Similarly the change in enthdpy at temperature Ty between o; and €
phase is given by
Tn o -€

AH =Ly + | (ACy) dT (6.3b)
Ty

If we assume that the specific heat difference between the o and the &
phases (ACp) is independent of temperature and employ Thompson and
Spaepen [4, 5] approximation then we get

ACp=AS (Tg)=Lp /Ty (6.4)

Using equations (6.3a), (6.3b) and (6.4) we can show that Gibbs free

energy difference between o, and €’ ph;se at Ty
AG* "% (Ty)=AH -Ty AS =Lg (Ty/ Tg) In (T / T) (6.5)

A compilation of measured grain boundary energy by Murr [6] lists the

values for y for the 8-Fe (bce) and y-Fe (fcc) phases equal to 468 mJ/m* and
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756 mJm respectively. We used these vaues of y for DO; (based on bce
structure) and LI, (based on fcc dructure) phases of Fe;Ge as a first
approximation since no data on Fe;Ge are available. The enthapy change
across the DO;—L1; transformation for the bulk system is not available but the
total enthalpy change which includes annedling out of lattice strain, crysta
growth and phase restoration from disordered bec to L1, phase has been
measured to be 81 kJ/mole by Zhou and Bakker from the DSC data. We use
this value for L and Tr= 400 C according to equilibrium phase diagram to
estimate AG a Ty values of 480, 500, 520, and 540°C using equation (6.4). The
molar volumes of 28.73 cm® (DO3 phase) and 29.65 cm® (L1, phase) were
obtained from the measured lattice constants of the two phases. The critica
radius R, was calculated using equation (6.2).

The grain growth behavior a different temperatures (Ty) is shown in
figure 6.5. The rate at which grains grows is smilar a these temperatures. The
solid line is the fitting through the experimental points using equation 3.11.
The good qudity of fit shows gran growth of fird order smilar to that
obtained in case of Fe-Al. Figure 6.6 shows at 520°C the tempora evolution of
grain size as well as o; and € phases. It is evident that at a particular grain size
of around 45 nm only the DOsz—L1, phase transformation starts and then the
grain growth becomes duggish whereas amount of L1, phase increases and
DO; phase decreases rapidly. One more important point to be noted from the
figure is that in contrast to 350°C hest treatment (chapter 3) at this temperature
the kinetics of grain growth and DO3 ordering is not the same. The attainment
of maximum possible DO; order is over within 1 hour of heat treatment
whereas grain growth continues further until the L1, phase starts forming. This
is interesting and could be explained from the fact that unlike at 350°C, the
DQO3 phase at this temperature is not the equilibrium phase, and hence though
the system is initially quickly going to a metastable phase but the grains grows
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further to reduce the surface energy contribution to Gibbs free energy and to
form the equilibrium phase. In figure 6.7 the critical grain sizes a which the
L1, phase starts forming at different temperatures are shown. Figure 6.8 shows
the variation of experimentally measured and theoretically calculated values
(using equation 6.4) of critical radius Ry (average grain Sze a a stage when the
L1z phasejust starts showing up) with Ty. In view of the fact that the value
used for the a;—¢' enthalpy change at Ty is an overestimate (since it includes
other contributions) and the vaues for the surface energies (y) are aso
approximated, the agreement between the experimenta and the calculated
values of Ro can be considered reasonably good, which imparts a fair amount

of confidence in our modd!.

To further confirm that the phase transformation from o, (DO;) to e
(L1,) phase is indeed a gran sze efect, we prepared another bal milled
Fey73Gep 27 sample by milling the powders for 22.5 hours. The initia size of the
grain was 7.3 nm as compaied to the gran sze of 6.5 nm for the 24 hours
milled sample. The o,—¢ phase transformation for the 22.5 hours milled
sample started earlier i.e. only after 25 hours of heat treatment a 520 C as
compaied to 32 hours at 520° C required for the 24 hours milled sample (figure
6.4). The average initid dze of the grains here was larger and their growth to
the required size for the a,(DO3)—>s’(L12) transformation at 520°C occurred at
an earlier time. This gives an additional support to our hypothesis that the

phase transformation observed is a consegquence of the Gibbs Thomson effect.

6.2 Fe-Mn-Ge

a Experimental Results and Discussions

Fe;xMn,Ge (with x = 0.3, 0.45, 0.6, and 0.75) as-milled disordered
aloys were heat treated at 520°C for times ranging from 24 to 100 hrs. Figure
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6.9 shows the X-Ray patterns obtained after heat treatment of 24 and 100 hours
for the aloy compositions of x=0.0 and x= 0.75. No Bragg reflection lines
arising from the ¢ phase were visble for 24 hours heat treatment, only bec
(DO3 structured) reflection lines were present. The behavior was the same even
after 50 hours of heat treatment. The formation of e phase could be seen after
100 hours of heat treatment.

The Mossbauer spectra and the corresponding HMF distributions of
different Mn concentration hesat-trested dloys are shown in figures 6.10 and
6.11. The evolution after 24 hours of the hyperfine magnetic field peaks arising
only from the 4(b) and 8(c) dtes Fe atoms of the DO3 ordered structure was
similar to that obtained for the samples heat trested a 350°C. No signature of
L1, phase peaks was there. Smilar behavior was obtained after 50 hours of
heat treatment also. Mn segregation to the GB regions as the DO3 order
develops is evident from no resemblance of the distributions of figure 6.11
with that of figure 3.39. The emergence of the ~245 kOe fidd peak,
corresponding to £ phase, is cealy seen in figures 6.10 and 6.11 after 100
hours of heat treatment. The other fidd (~218 kOe) of the € phase is getting
merged with the 200 kOe DQO3 dte (8(c)) fidd. We have introduced fixed field
component similar to x = 0.0 dloy to fit better the L1, phase line in the
Mossbauer spectra of Mn substituted aloys. From the formation of the L1,
phase, which is highly composition sendtive (phase diagram of figure 3.22) it
may be postulated that dong with Mn, in this case Ge atoms are also
segregating to the grain boundaries to maintain the correct composition
required to form the e phase. But there is no signature of any other lines except
the bcc peaks in the XRD patterns of figure 6.9, which immediately indicates
the absence of any Mn rich, Ge rich, or Mn-Ge phase. The Mn and Ge atoms

therefore constitute the boundary atoms keeping the underlying lattice as the
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DO; or L1, ordered Fe-Ge lattice. This picture of the atomic arrangement will
be useful while discussing the kinetics of the L1, phase formation.

The grain growth behavior at 520°C is shown in figure 6.12. Similar
grain growth behavior is observed for the x=0.0 and lower Mn concentration
(up to x=0.45) dloys but the grain growth is decreased by a factor of nearly
half for the higher Mn concentration sample. This was in contrast to the
behavior observed a 350° C (figure 3.36) where grain growth was similar for
al Mn concentrations. Saturation in grain growth is observed for different heat
treatment times a 520°C with different Mn concentrations. The difference in
grain growth and £ phase formaion behavior between the x = 0.0 and Mn
substituted aloys is the saturation of gran growth before L1, phase started
forming. In case of pure Fe;Ge dloy bee grains grew continuoudy to a size of
~ 45 nm (the critical sze Ry) when the fcc phase sarted forming (after about
32 hours of heat treatment). Then the grain growth was retarded and virtualy
saturated although the fraction of ¢ phase kept on growing. Therefore the
formation of the E phase in pure Fe;Ge was purdy a grain size effect (the
Gibbs Thomson Effect as dluded to earlier) and not a kinetic effect. In the Mn
substituted alloys though the critica grain sze for DO; — L1, transformation
was reached after 24 hours of heat treatment but the formation of the € phase
started after about 100 hours. The € phase transformation for pure Fe-Ge was
amost complete after 100 hours whereas for Mn substituted aloys it just
started after 100 hours. This shows that the DO; — L1, transformation in this
case is not only agrain sze efect (like in Fe;Ge) but dso akinetic effect. The
delayed DO3; — L1, transformation could be attributed to a dower diffuson
rate of Fe and Ge atoms due to GB segregated Mn/Ge atoms. This behavior is
aso consistent with earlier experimentaly observed [7] and theoreticaly
calculated [8] results, which showed dower diffuson rate of atomic species

due to grain boundaly segregation. Figure 6.13 shows the variation of critical



Grain Size (nm)

60

50

40

30

20

e

i
® x=0.0 ]
i ® x=03 _
ﬁ A x=0.75
1 L | ) | i 1 il | A A
0 20 40 60 80 100
Time (h)

Figure 6.12: Grain growth behavior of the representative aloy samples
a 520°C.



257

grain size (Ro) with Mn concentration. From the fact that Ry decreases as Mn
concentration (X) increases it is clear that grain boundary segregated Mn and
also perhaps Ge atoms have a critical role to play on the atomic diffuson to
take place for the o, —€’ phase transfomiation even when the critical grain size
for the transformation is reached.

In concluson, we sudied the phase transformation behavior of
chemically disordered bec (a) phase Fe..Ge, dloys near the Fe;Ge
stoichiometry synthesized in the nanocrystdline state by mechanical alloying
of the elemental constituents. The evolution of the equilibrium L1, ordered (¢)
phase was seen to occur via a metastable DO; ordered (o) phase and the
o —¢ phase transformation took place only after the growth of the grains. This
behavior is understood with the help of a capillary effect or the Gibbs Thomson
effect wherein the grain boundary energy of the nanosize grains raises the
Gibbs free energy of the ?! phase relative to the a; phase for smal sizes and the
¢ phase grows only after a certain gran dze is reached. We therefore have
observed a sgnificant effect of the surface Gibbs free energy on the phase
stability of alloys with grain sizes in the nanometer range, which is precisely
the Gibbs Thomson effect. The equilibrium L1, phase formation a 520°C in
Mn substituted alloys was influenced not only by the contribution of the
surface energy to the total Gibbs free energy in ananocrystaline aloy but aso

by the kinetics of the diffusion process.
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Summary of work and future per spectives

In this thesis work | presented the studies on phase transformation
behaviour of alloys in the nanocrystalline state. Chemicad order-disorder,
spinodal decomposition, precipitation, and massive phase transformations
were investigated in a wide variety of Fe-based binary, pseudo-binary, and
guasi-binary nanocrystalline dloy sysems. The smdl grain size, large
volume fraction of surface atoms, and the presence of high diffusivity paths
through grain boundaries in these nanocrystalline materials were observed

to significantly influence the phase transformation processes.

The following is a brief summary of the sgnificant results obtained in

different alloy systems:
Chemical order-disorder
Fe-Al

A rapid growth of DO3 order from the asmilled disordered matrix
was seen in the early stages of ordering a 300 and 450°C for the alloys with
Fe;Al and Feo 72Aly2s compositions. But & a later stage it was observed that
a substantial amount of B32 ordered phase was present dong with the DO3
ordered phase even &fter long time of heat treatment. This B32 ordered
phase was developed in the anti-phase domain boundaries (APDB) of the
DO3 ordered domains. The size of the DO3 ordered domains was limited by
the grain size This behavior could be compared with that for
microcrystalline aloys where transgent B32 ordered phase was observed
during the evolution of find DO3 order. Firsd order grain growth and
ordering kinetics was observed in contrast to a third order reaction kinetics

observed for the microcrystaline aloys.



261

Fe-Ge

The evolution of DO; order from the disordered bec phase was
observed a 350° and 550°C for the Fes3Gep 7 aloy composition and at
350°C in Fe;Ge alloys. The DO3 order is expected according to equilibrium
phase diagram for the 17 a. % Ge dloy but for the 25 a. % Ge dloy
equilibrium phase is DOs;+B8,. Gran growth and ordering kinetics was
similar and of first order. First order ordering kinetics was adso observed in
the evolution of disordered B8;—ordered B8, structure of the Fegs2Geo.as
alloy at 350°C.

Fe-Mn-Ge

Segregation of Mn atoms to the grain boundaries was observed on
the DO; order evolution in these sysems from a homogeneous disordered
initial state. This was in contrast to preferentidd Mn dte subgtitution in the
DO; structure observed for the microcrystalline aloys. Smilar grain growth
and ordering kinetics was observed. Gran growth and DO; ordering
Kinetics was unaffected by the Mn subgtitution.

FeCo-X(X= Mo, Ge,and W)

Short range <Fe/Co> and <Fe/X> correlaions were measured
during the kinetic evolution of B2 order from the disorder bcc phase. The
kinetic paths in the space spanned by these two short-range order
parameters were found to be independent of temperature, in contrast to
different kinetic paths observed at different temperature in microcrystalline
aloys. This result shows that the diffuson of the different species of atoms
took place through the grain boundaries, which acted as short-circuited
diffuson paths in these nanocrysaline aloys. Because of these short-
circuited diffusion paths, the mobility of the different kinds of atoms were
similar. The grain growth and ordering kinetics were smilar and there was a

linear correlation between the two.
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Spinodal decomposition in Fe-Cr.

The phase decomposition to Fe-rich a phase and Cr rich a phase
from an initial homogeneous disordered bee phase of the Fe,..Cry aloys was
observed to be through spinoda decomposition for the x = 0.35 and 0.45
alloys and through nucleation and growth process for the x = 0.2 adloy. No
decomposition was observed for the x =0.1 dloy system. The interesting
observation in these aloys was the linear correlation between the grain
growth and phase decomposition process indicating that the underlying

mechanism for this two processes is the same.

Precipitation transformation in Fe-Mo:
The precipitation phase transformation (ao— a+A) in Fe; Mo, (x=

0.01, 0.015, and 0.05) aloys was found to proceed via a coherent Mo
clustering similar to large grained microcrystaline aloys but the clustering
in the nanocrystalline aloy system took place in the grain boundary regions.
The correlation between the grain growth and Mo clustering shows that up
to acertain critical grain sze Mo atoms remained dissolved in the Fe matrix
and then starts segregating to boundaries. This process was explained using
the concept of negative surface energy contiibution from the nano-grains to
the Gibbs' free energy for this phase separating alloy.

The Fe;Mo (X) phase aso precipitated directly in the grain boundary
regions in contrast to the microcrystalline sysem where the Mo clusters
within the grains were firs dissolved into the Fe-matrix before the X phase

was formed.

Massive structural transformations in Fe-Ge and Fe-Mn-Ge:

The evolution of the equilibrium L,, ordered (fcc) phase in Fe;Ge

alloys was seen to occur via a metastable DO; ordered (bce) phase from the
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disordered bec phase. The massive phase transformation from the DO; to
L2 phase occurred only when the bcc grains attained a critica size and this
was understood as a manifestation of the Gibbs-Thompson (G-T) effect or
capillary effect. In case of Mn subgtituted aloys this massive transformation
was not only governed by G-T effect but aso by the kinetics of atomic
diffusion.

The work presented in this thesis was based on a study of aloys with
nano-grain structure, which have both size dependent and grain boundary
effects on phase transformations. In order to establish further the size
dependent phase stability effects it may be interesting to study these effects
in isolated nano-clusters of these alloys. Nano-clusters of different szes can
be synthesized by gas condensation methods and their phase stability could
be studied directly.

The estimate of Gibbs free energy of the nanocrystalline aloys in
this work was carried out taking only surface energy contributions into
account and this was able to provide reasonable order of magnitude
agreements with experimental observations. However it may be required to
incorporate strain energy contributions aso to get better estimates.

It may also be desirable to study the microstructure evolution of the
alloy phases by direct microscopic observations to confirm some of the

results presented in this work.



